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EXECUTIVE SUMMARY

Studies have been conducted on interfaces between A1203, and three different metals:
Nb, Pd and Ni. The objectives have been to establish orientation relationships and to
understand the atomistic structure along the interface. In the case of Ni, the formation of
a spinel reaction product has also been explored.

For Nb/A1203, it has been found that the orientation relationships and the atomic

arrangements depend on the temperature at which the interface was formed. Those
formed at high temperature by diffusion bonding have (110) planes in the Nb parallel to
the interface. There are also misfit dislocations which 'stand-off' the interface.
Conversely, interfaces formed at lower temperatures by molecular beam epitaxy have
(111) planes in the Nb parallel to the interface. Moreover, the misfit dislocations are
located at the interface itself. The differences are attributed to diffusional effects, such as

dislocation climb, that can occur at the higher temperatures.

For Pd/AI203, the key finding was that the interface could have either oxygen or
aluminum terminating planes in the A1203, depending on the oxygen activity in the Pd,

upon bonding. These studies rationalize various discrepancies evident from previous

work.

The principal conclusion of the studies on Ni/AI203 concerned the oxygen activity in the

Ni needed to form a spinel reaction layer. The thermodynamics of the system have been

established and predictions made of the conditions needed to create spinel. These
predictions are verified by experiment. Accesion For

NTIS CRA&I

DTIC TAB
Ui-announced 0
Jus~o#~ •/

By .
Dit ibition I

Availability Codes
..... Avail and I or

._0 Dist Special



TITLE AUTHOR

Article 1. Electron Microscopy Studies of, Nb-A1203 J. Mayer
Interfaces Formed by Molecular Beam Epitaxy J. A. Dura

C. P. Flynn
M. RUhle

Article 2. Structures of Nb/A1203 Interfaces Produced by J. Mayer
Different Experimental Routes W. Mader

D. Knauss
F. Ernst
M. Rhile

Article 3. High-Resolution Electron Microscopy Studies J. Mayer
of Nb/A1203 Interfaces C. P. Flynn

M. ROWle

Article 4. Structure and Defects of MBE Grown J. Mayer
Nb-A1203 Interfaces G. Gutekunst

G. M6bus
J. Dura
C. P. Flynn
M. Ruihle

Article 5. High Resolution Electron Microscopy Studies J. Mayer
of Interfaces between A1203 Substrates and J. Dura
MBE Grown NB Films C. P. Flynn

M. Riuile

Article 6. High-Resolution Transmission Electron T. Muschik
Microscopy Studies of Structural Modifications M. RUhle
in Pd-A1203 Interfaces

Article 7. HREM Studies of Pd/AI203 Interfaces T. Muschik
M. Riihle

Article 8. The Role of Oxygen for the Spinel Interphase K. P. Trumble
Formation at Diffusion-Bonded Ni/AI203 M. Riihle
Interfaces



Surface and Coatings Technology, 43/44 (1990) 199-212 199

ELECTRON MICROSCOPY STUDIES OF Nb-A1203 INTERFACES
FORMED BY MOLECULAR BEAM EPITAXY

J. MAYER*

Materials Department, Unii:ersity of California, Santa Barbara, CA 93106 (U.S.A.)

J. A. DURA and C. P. FLYNN

University of Illinois at Urbana-Champaign, Materials Research Laboratory, Urbana, IL 61801
(U.S.A.)

M. RtUHLE*

Materials Department, University of California, Santa Barbara, CA 93106 (U.S.A.)

Abstract

Niobium films were grown by molecular beam epitaxy on sapphire sub-
strates of different orientations. A unique three-dimensional orientation re-
lationship was determined between the A12 03 substrate and the niobium film
independent of substrate orientation: (0001)s II(111)b and [210]s {[110]mh.
This observation is in contrast with topotaxial relationships obtained be-
tween A1203 particles formed by internal oxidation of NbAl alloys where
close-packed planes are parallel: (O001)s (llO)N . The atomistic structure of
the interface was identified by high resolution electron microscopy. Regions
of good matching alternate with regions which contain localized misfit
dislocations. These observations will be discussed and compared with results
published in the literature.

1. Introduction

Studies of the atomistic structures of thin metallic films deposited on
ceramic substrates as well as of the corresponding metal-ceramic interfaces
are important for fundamental as well as applied reasons. Notably, the
niobium-sapphire system has drawn much attention and has been investi-
gated by different researchers [1-121. This system serves as a model system
since both components possess nearly the same thermal expansion co-
efficients and most thermodynamic quantities (solubility, diffusion data etc.)
are well established for niobium and A12 0 3 . The Nb-Al2 03 composites are
used in different applications such as Josephson junctions and as components

Prebent address: Max-Planck-Institut fur Metallforachung, Institut foir Werkstoffwis-
senschaft, 7000 Stuttgart 1 (F.R.G.).
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for structural materials. High resolution electron microscopy (HREM) has
been used to study Nb-Al 2 0 3 interfaces [9-18] prepared by different experi-
mental routes such as diffusion bonding [9, 10, 16], internal oxidation [13-15],
and epitaxial growth of niobium overlayers on A120 3 substrates [1-8, 11, 121.

The orientation relationship (OR) between niobium and A1203
[1-8, 11, 121 is predominantly determined by the manufacturing route. To-
potaxial or epitaxial relationships develop after internal oxidation or epitax-
ial growth respectively. Mader [13, 14] and Kuwabara et al. [15] observed that
a topotaxial orientation relationship forms between niobium and A1203
particles (after internal oxidation) so that close-packed planes between both
systems are parallel to each other, i.e.

(0001)s Jl(110)Nb and I01101s 11[0011Nb (S = sapphire)

Epitaxial growth of very high quality single-crystal layers of niobium
has been a subject of recent experiments [1-81. For most sapphire surfaces a
unique three-dimensional relationship between the niobium and A12 03 devel-
ops which can be characterized by the two sets of zone axes:

[0001]s I[I111Nb and [1100]s I[11lNb

The latter OR was determined by reflection high energy electron diffraction
(RHEED) and X-ray diffraction. Interestingly enough, (001)Nb films form on
(1102)sR planes with a distinct deviation from the exact orientation relation-
ship [11, 17] at rather low deposition temperatures.

The aim of these studies was to characterize by HREM the atomistic
structures of niobium films and of the Nb-Al 203 interfaces obtained by
molecular beam epitaxy (MBE) growth [1, 2, 8]. Some preliminary results on
the mechanical adhesion of the niobium.films on the A1203 substrate will also
be reported. These observations will be compared with results published in
the literature.

2. Experimental details

The niobium layers were fabricated in an MBE growth chamber
equipped with electron beam sources for evaporating refractory metals. The
sapphire substrates were parallel to (0001)s, (1100)s and (1120)s. The sub-
strates were preheated and cleaned by annealing at about 1500 K for 1 h in a
dynamic vacuum of 5 x 10' Pa. The growth of the niobium films was per-
formed while the substrate was heated to 1123 K. Niobium is a powerful
getter. A combination of ion pumping and cryopumping was therefore em-
ployed to maintain a vacuum in the 10-6 Pa range during crystal growth so
that no niobium oxides could form. The crystal surface structure could be
monitored with RHEED which showed that the initial diffraction spots
elongated with growth into streaks characteristic of an atomically smooth
surface. Typical growth rates were 1 monolayer s-'. The resulting thickness
ranged from 100 nm to 500 nm.
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A special technique was used to obtain transmission electron mi-
croscopy (TEM) cross-sectional samples [18] of the niobium film and the
Nb-Al 2 03 interface. Firstly, the sapphire plates carrying the niobium film
were glued to another piece of sapphire to protect the thin metal layer. These
"sandwiches" were then cut into strips and glued into a slit within a
cylindrical alumina holder (2 mm diameter) which was stiffened by a thin
alumina tube (outer diameter 3 mm). Discs were cut from these holders,
carefully polished to a thickness of 0.2 mm and dimpled. During ion milling,
shields were used to protect the interface and to reduce the effect of the
different milling rates of niobium and Al 2 03. This preparation technique
resulted in specimens suitable for HREM studies. The foil thickness was less
than 20 nm in regions which included the interface. Foil thicknesses down to
5 nm could frequently be obtained.

The HREM studies were performed at the Atomic Resolution Micro-
scope (ARM) at the National Center for Electron Microscopy, Berkeley, CA,
U.S.A. The microscope was operated at 800 kV resulting in a point-to-point
resolution of better than 0.17 rnm [19].

3. Experimental results

3.1. Orientation relationships between niobium and Al 2 03
Cross-sectional specimens were investigated in the ARM. Selected area

diffraction (SAD) patterns were taken and evaluated. The SAD studies
revealed the OR between the sapphire (S) and niobium (Nb):

(0001)s (1011)Nb (1)

which had already been identified by Durbin et al. [1, 2]. No deviation from
this OR (eqn. (1)) could be identified within the experimental error of +0.5'.

A complete description of an OR requires an additional statement on
one set of coinciding directions for both lattices within the interface plane.
The following lattice directions coincide for niobium and sapphire:

[2110]s l[ll0]Nb (direction A) (2)

[110i0]s [112l]b (direction B) (3)

The angle between the directions A and B is 300. Deviations from the ORs in
eqns. (2) and (3) could not be found within the experimental error (±0.5*).
Figure 1 illustrates the relative orientation of the two crystals (eqns. (1)-(3)).
An important feature of this arrangement is that the threefold axes of the
two crystals are parallel:

[0001Is111111[]Nb (4)

which is the zone axis perpendicular to the interface formed on (0001)s
substrates.
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[0001 ] S[ [11 llNb

[1 0i0]1s [121] Nb/ ' [1101N

S[21101]

(a) (b)

Fig. 1. OR between sapphire substrates and niobium overlayers. (a) The three-dimensional OR
[00011s I [111]Nb (S = sapphire) holds for all substrate orientations. (b) OR for different directions
within the (0001)sJj(lll)Nb plane.

3.2. Direct lattice images of the niobium film and of near-interface regions
Conventional TEM micrographs (Fig. 2) and direct lattice images (Fig.

3) of the niobium film showed that the niobium films possess low dislocation
densities. The dislocation density p is so small that p could not be determined
from TEM micrographs within any statistical significance. This demonstrates
the high quality of the MBE grown films which was also identified by
diffraction techniques [8].

Direct lattice imaging of near-interface regions allows the determina-
tion of the atomistic structure of the interface as well as the analysis of
defects associated with the interface such as misfit dislocations etc. To obtain
interpretable HREM images the electron beam should be incident along high
symmetry directions in both crystals and should be parallel to the plane of
the interface. A three-dimensional analysis of the structure requires HREM
images taken under different directions of the incident electron beam with
respect to the interface orientation. These conditions are fulfilled if the
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Fig. 2. Conventional bright field image of a niobium film on a sapphire substrate: only defects
introduced during ion beam thinning can be identified.

Fig. 3. Direct lattice image of the niobium film in [1101 orientation. The niobium lattice can
readily be identified. dOo2 = 0.165 nm and d110 = 0.233 nm are marked.

electron beam is parallel to directions A and B (see Fig. 1(b)). High resolu-
tion electron micrographs were taken from the same interface in both
directions by simply tilting the specimen inside the ARM. Figure 4 shows an
overview of a large area of near-interface regions. The defocus of the
objective lens is slightly more positive (Af = -40 nm) than the Schermer
defocus (Af = -55 nm). At this defocus the atomistic distance corresponding
to the (200) planes with d = 0.165 nm becomes clearly visible [20]. Lattice
planes can readily be identified in Al 2 03 and niobium. The foil thicknesses of
niobium and A1203 are identical. In niobium, regions of good matching (M)
and poor matching (D) alternate at the interface. Steps can also be identified
(S). The region of good matching (Fig. 4, M) is imaged at a higher magnifica-
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Fig. 4. High resolution image of an Nb-AI2 0 3 interface. Direction of incoming electrons parallel
to [I10]Nb and defocus value Af = -40 nm (Scherzer value, -55 nm). Lattice planes can clearly
be identified in both sapphire and niobium. Foil thickness about 8 nm. At the interface regions
of good matching (M) and poor matching (D) alternate. S. step in the substrate.

(a) (b)

Fig. 5. High resolution image of Nb-Al 2 03 interface: region of good matching (M). (a) Direction
A with r2fl0sl&I11[0]N. (b) Direction B with !1010]sI[E1•11]h.

tion in Fig. 5. Figure 5(a) shows the interface with the electron beam parallel
to direction A. Niobium and Al2 03 possess the same thickness and lattice
planes transfer continuously from niobium to Al2 03.

Figure 5(b) is a micrograph of the same interface viewed along orienta-
tion B. Only (101) lattice planes with a spacing of 0.233 nm are visible in the
niobium crystal in regions of good matching (M). The (222) lattice planes
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Fig. 6. Schematic drawing of selected lattice planes in niobium and A120 3 in direction A.

(perpendicular to (101)) possess a spacing of 0.095 nm which is beyond the
resolution limit and information limit of the ARM. Therefore only (101)
lattice fringes are visible. In both orientations (Figs. 5(a) and 5(b)) a perfect
match of the niobium and A120 3 lattice at the interfaces is viqible. Figure 6
shows schematically several lattice planes in niobium and A1203 for an axis
of the incident electron beam parallel to direction A. The lattice mismatch of
(0110)s and (112)Nb planes perpendicular to the iiterface is 1.9%. The nio-
bium lattice possesses the smaller spacing. The (0006)s and (2 2 2 )Nb planes are
parallel to the interface and possess a lattice mismatch of 11.9%. This larger
mismatch is significant if steps are present at the interface; se- Section 3.4.

3.3. Localized misfit dislocations at the interface
The misfit of 1.9% between the (112)Nb ana •0110)s planes perpendicular

to the interface is accommodated by localized defects (misfit dislocations) in
regions of poor matching (Fig. 4). These localized misfit dislocations at the
interface are spaced periodically about one every 50 (1I2)N lattice planes
(Fig. 4). A higher magnification of region D of Fig. 4 is 3hown in Fig. 7.

Figure 7(a) represents the images parallel to direction A. A misfit dislocatic i

can clearly be identified. The Burgers vector is 1 [110]Nb. No "stand-off"
distance [13-15, 211 of the misfit dislocation can be identified.

The projection of the extra plane of the misfit dislocation is parallel to
the electron beam in direction A. For direction B (Fig. 7(b)) the extra
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(a) (b)

Fig. 7. High resolution image of Nb-Al 2 0 3 : region of poor matching. A misfit dislocation forms

with no stand-off distance. (a) Direction A; the core of the misfit dislocation can readily be
identified. (b) Direction B; the core of the dislocation line is inclined with respect to the electron
beam. The region of no matching of corresponding lattice planes is marked. This region
corresponds to the projection width of the additional lattice plane.

niobium plane is inclined at an angle of 300. There is no fit of corresponding
planes in niobium and Al2 0 3 along the projection of the inclined plane of
the misfit dislocation which is clearly visible in Fig. 7(b). The projected
length x can be measured:

x = (17 + 2)d11 o (d,,o = 0.233 nm)

and the thickness t of the foil can be evaluated with the known tilt angle k:

t = 8.0 +1.0 nm

3.4. Steps at the interface
The sapphire surface will usually not be atomically fiat over large

distances. Steps are expected if, for example, small deviations exist between
the surface Diane and the (0001)s basal plane of sapphire prior to thin
film evaporation. Such surface steps can be recognized at the interface (Fig.
4). Careful inspection revealed (especially on micrographs imaged under a
grazing angle, the "Scheimpflug technique" 122), Fig. 8) that the step height
of the sapphire is always a multiple of the distance of the 0' layers within
the A12 0 3 structure parallel to (0001)s. This distance corresponds to (0006)s
planes with d = 0.2165 nm. The corresponding lattice spacing in niobium is
dul = 0.1906 nm and is 11.9% smaller than the 02- spacing. Because of this
mismatch (Fig. 6), the niobium lattice is distorted adjacent to steps. The
recognizable distortion extends up to about 10 nm into the niobium film.
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Fig. 8. "Scheimpflug image" [221 of HREM images in direction B. Steps can be observed (S). The
step height corresponds to the (0006) plane distance.

3.5. Niobium overlayers on (lfOO)s substrates
Preliminary observations on niobium thin films deposited on (100)s

substrates show that the same three-dimensional OR is maintained as for
films on (0001)s substrates (Fig. 1). The flatness of the (1100)s substrates for
this orientation is not as good as that of the corresponding (0001)s surfaces.
Pyramidal elevations can be seen (Fig. 9) and these elevations cause strong
distortions in the niobium lattice. The distortion reaches about 10 nm into
the niobium.

3.6. Stress state and decohesion of the niobium films
Films with thicknesses smaller than 1 tIm were carefully inspected by

RHEED and low energy electron diffraction techniques [1, 2, 8]. No distor-
tions or displacements of reflections could be identified. This is indicative of
a very small stress level within the film. Decohesion of the film could not be
observed. Indentation experiments were performed [23, 241; however, no deco-
hesion of the film could be observed. Only a plastic deformation within the
niobium overlayer could be identified. Higher loading of the indent lead to a
cracking of the ceramic substrate.
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Fig. 9. High resolution micrograph imaged with "Scheimpflug" technique. (1T00)sjI(ll 2 )o,,
electron beam parallel [0001]sI[111l]. Pyramidal elevations are clearly visible.

4. Discussion

The observed OR for niobium films on differently oriented sapphire
substrates is equivalent to results described in the literature [1, 2, 81. The
three-dimensional OR between niobium and A120 3 has been confirmed with
(0001)sII(111)Nb and [10I0]sjI[11]Nb. Knowles et ai. [11] demonstrated by
HREM that the same OR holds for (001) niobium films deposited epitaxially
on (1012)R planes of sapphire. The characteristic misorientation from the
"three-dimensional OR" is caused by small locally misoriented regions in the
immediate vicinity of the Nb-Al 203 interface.

Qualitatively the niobium film formation could be described as follows.
The sapphire substrate was annealed at 5 x 10-' Pa at 1500 K in a dynamic
vacuum. The annealing leads to a reconstruction of the ai-A120 3 surface to a
(1/31 x 131)R ± 90 structure [25-27]. At the surface the AL:O ratio is about
1:1, and thus the sapphire is not stoichiometric at the surface. The RHEED
studies performed at a-A1203 surfaces prior to deposition of the niobium film
indicate that a similar reconstruction is present. In addition, atomistic steps
(facets) exist at the surface of sapphire because of small deviations between
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surface orientations and the (0001)s basal plane. Those steps may act as
nucleation centers for the niobium film. The growth conditions are selected
such that two-dimensional crystal growth occurs [8]. The reconstructed,
aluminum-rich surface still possesses 3-fold symmetry with characteristic
distances equivalent to atomistic distances of (111)Nb planes. For symmetry
reasons it is expected that the first deposited niobium layer has an OR which
is dictated by the symmetry of the sapphire surface leading to (0001) (11 11)Nb-

No twins could be identified in the (nearly) perfect niobium film. It must be
assumed that a unique atomistic relationship exists between the sapphire
surface and the monoatomic niobium layer. There exists only one set of
niobium atom positions on the non-reconstructed sapphire surface which
leads to a twin-free film (Fig. 10). Niobium atoms must be located on the
terminating 02 layer of sapphire on top of "empty sites" (Fig. 10). A
quantitative evaluation of the HREM images should verify this hypothesis.

The formation of the "core" of the misfit dislocations can be explained
using Frank and Van der Merwe's model [28, 29]. Subsequent niobium layers
bond to the first layer by metallic bonding, building up the misfit dislocation
nucleated at the interface. This model may explain the growth on (0001)s plane
sapphire. It is, however, difficult to explain the (general) three-dimensional OR
between niobium and A1203 which develops also on other sapphire surfaces.

[1010]3 [21i10s

Fig. 10. Schematic drawing of non-reconstructed (0001)s basal surface. 0, 02- ions; V, Al'-; 0,
niobium atoms. It is assumed that the 02- ions form the outermost layer. The niobium atoms of
the first layer are positioned above the empty sites of the first Al' layer which lies immediately
next to the outermost 02- layer.
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A careful inspection of HREM images taken under different focusing
conditions of regions very close to the interface reveals that no reconstruc-
tion of sapphire close to the interface is recognizable. It must be assumed
that the excess aluminum atoms of the reconstructed (0001) surface [25-271
diffuse into the niobium, which has a sufficiently high solubility for alu-
minum. Quantitative evaluation of the high resolution images will support
this qualitative statement.

The observed OR, and hence the arrangements of the atoms at the
interface, is different from the OR obtained at Nb-Al 203 interfaces in inter-
nally oxidized NbAl alloys. For both systems A12 0 3 is bound by an oxygen
layer of the basal plane [12, 13, 15]. However, different niobium planes termi-
nate at the interface. Typically, close-packed (110) planes juxtapose close-
packed planes of Al 203 as interfaces formed by internal oxidation. The OR is
symmetry dictated for epitaxial growth. It is not obvious which interface of
the different ORs possesses the lower interfacial energy. Further experimen-
tal studies may answer this question.

The misfit dislocations observed in MBE grown niobium films do not
show a "stand-off" which was observed at interfaces formed by internal
oxidation or diffusion bonding [13, 15, 17]. The localization of the inserted
plane is well defined (Fig. 7(a)) and a perfect match of the niobium atoms on
the sapphire lattice is obtained within 0.5 nm on either side of the disloca-
tion. Since the deposition of the niobium film was performed at much lower
temperatures than the diffusion bonding or the internal oxidation this geome-
try (Fig. 7(a)) of the misfit dislocations might not be thermally stable. The
dislocations could climb from the interface to a stable stand-off distance if
the samples are heat treated or deposited at higher temperature. Such
experiments would also show whether the OR observed in our studies is
thermally stable or whether it is only formed at the given growth conditions
as a result of the kinetics of the epitaxial growth process.

The niobium overlayers show an extremely high perfection which is
typical for MBE grown films. However, stresses generated by unevenness of
the substrate may extend up to 200 run into the film and influence the
properties of the film. The interfacial roughnesses may also be locations
where dislocations nucleate when the film is stressed.

Tests for the decohesion of the niobium films from the sapphire sub-
strate were not successful. After indentation experiments the niobium film
deformed plastically and the sapphire cracked after application of a higher
load. Evans and coworkers [23, 24] showed that decohesion is governed by a
critical non-dimensional parameter, the decohesion number

92 = K/ o,/h

where ao is the stress in the film, h is the film thickness and K. the fracture
resistance. Internal stresses or within the niobium films and the A12 0 3

substrate are practically zero since A1203 and niobium possess the same
thermal expansion coefficient so that no thermal stresses develop during
cooling from fabrication temperature.
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Perfect single-crystal films possess no internal stresses. This contrasts
to fine-grained polycrystalline films [30]. In addition, the fracture tough-
nesses K, of niobium and the interfaces are larger than K, of sapphire which
leads to an Q, dictated by the fracture resistance of the substrate and not by
the film or interface. These arguments explain the failure of the decohesion
measurements.
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ABSTRACT

Nb/A1203 interfaces were produced by (i) diffusion bonding of single crystal-
line Nb and A1203 at 1973 K, (ii) internal oxidation of a Nb-3at.% Al alloy at
1773 K, and (iii) molecular beam epitaxy (MBE) growth of 500 un thick Nb over-
layers on sapphire substrates at 1123 K. Cross-sectional specimens were prepared
and studied by conventional (CTEM) and high resolution transmission electron
microscopy (HREM). The orientation relationships between Nb and A1203 were
identified by diffraction studies. HREM investigations revealed the structures of
the different interfaces including the presence of misfit dislocations at or near theinterface. The results for the different interfaces are compared.

INTRODUCTION

The technical applications of modern engineering materials often require two
different components (such as metals and ceramics) to be bonded. In studies of the
atomistic structure of metal/ceramic interfaces niobium/sapphire has been used
as a model system (1-4J since both components possess nearly the same thermal
expansion coefficents and most thermodynamic quantities (solubility, diffusion
data, etc.) are well established.

Investigations of Nb/A1203 interfaces manufactured by different experimental
routes may guide to an evaluation of energetically favourable atomic arrange-
ments at the interface. In addition, the analysis of interfacial defects, such as misfit
dislocations, may lead to a better understanding of the interface strength and pro-
cesses occurring during the interface formation.

Three different routes have been used to produce the interfaces, namely diffu-
sion bonding of single crystals [5], internal oxidation of metallic alloys [2], and epi-
taxial growth of a metallic overlayer on ceramic substrates (6-81. The aim of the
present studies was to characterize the orientation relationships and the atomic
structures of the interfaces of specimens produced by all three methods and to
compare the results.

EXPERIMENTAL

Specimen Production: Diffusion Bonding (Specimen I): Single crystals of Nb and
sapphire were diffusion bonded at 1973 K for 2 h in a vacuum of 1.3x10-3 Pa. A
small compressive load of 10 MPa kept the polished surfaces in contact (4].

Internal Oxidation (Specimen II): A Nb-3at.%Al alloy was internally oxidized
by exosing the material at 1723 K for 45 min to an oxygen atmosphere (pressure
5x40•3 Pa). This treatment produces A1203 precipitates [2].

Epitaxial Nb Layers on Sapphire (Specimen lID: Thin overlayers of Nb on a-
sapphire substrates were fabricated in an MBE growth chamber equipped with
electron beam sources [8]. The growth of the Nb films was performed while the

Met M Smo. Symp. Proc. Vol. 13S OUl9 Mstewts R.oewch society
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substrate was heated to 1123 K. A combination of ion pumping and cryopumping
was employed to maintain a vacuum in the 10-6 Pa range during crystal growth.
Typical growth rates were one monolayer/s.

TEM Specimen Preparation: Specimens I and IMI were cut perpendicular to the
Nb/A1203 interface to obtain cross-section specimens suitable for .HREM. Special
alumina cross-section holders were used for the embedding of Specimen Mls prior
to cutting. Discs of 3 mm diameter were obtained which were carefully polished,
dimpled, and ion thinned. During ion-milling shields were used to protect the
interface and to reduce the effect of the different milling rates of Nb and A1203.

TEM samples of Specimen I were investigated in a 400 kV HREM instrument,
Specimen 11 samples in a 200 kV HREM, and Specimen IMl samples in the ARM at
Berkeley which was operated at 800 kV.

EXPERIMENTAL RESULTS

The orientation relationships (OR) between Nb and A1203 were evaluated from
selected area diffraction (SAD) patterns. The results are summarized in Table I for
the different specimens. No reaction layer formation could be detected in all three
types of specimens.

Structural ObEervations at Specimen I: HREM investigations of the diffusion-
bonded Nb/AI203 interfaces revealed that the A1203 lattice remains undistorted
up to the interface. Facets are observed if the plane of the interface deviates from
the basal plane of sapphire.

In contrast to earlier observations (4], misfit dislocations were observed at the
diffusion-bonded Nb/Al203 interface (see Fig. 1). The misfit dislocations accomo-
date the difference in lattice plane spacings of Nb and A1203 (Nb: djo = 01334 nm
and a-A1203: d2110 = 0.2382 nm) and their core is located in the Nb at a characteri-
stic "stand-off" distance from the interface. The findings are very similar to those
obtained for interfaces between A1203 precipitates and Nb (see below).

Structural Observations at Specimen 11: The A1203 precipitates formed by inter-
nal oxidation of NbAl alloys are typically platelet-shaped with flat large interfaces
[2,3]. The precipitates condse in a metastable rhombohedral structure denoted as
a'-A1203 12]. The lattice spacings of Nb and A1203 are slightly different along the
interface. This difference is accomodated by misfit dislocations which are arranged
with approximately equal distances [21. The distances of the dislocations can be
explained by the misfit in the corresponding lattice spacings.

Table I Summary of observations ( preset; S: sapphire)

Spec. Prep. Orientation relationship React. Misf. stand -
techn. layer disl. off

I duff.- (O001)sII(1lO)Nb;[OlIOSII[001]Nb - + +
bonding

II inter.- (0001)sIH(110)Nb;[01IS0l[001]Nb + +
oxid.

III tax. (0001)sII(lll)Nb;12 110]s1IIIONb + -
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Most of the core of the misfit dislocations does not lie within the interface, but
is located a few layers away from the interface. The "stand-off" distance, measured
from the interface, is approx. 0.9 nm.

Structural Observations at Specimen III: The HREM investigations show that in
the Nb large regions of good matching (Fig. 2a) alternate with localized regions of
poor matching (Fig. 2b) along the interface. Steps in the interface can also be iden-
tified. Fig. 2b shows that the lattice defect present in regions of poor matching can

(1 0)

Fig. 1: Lattice image of a diffusion bonded Nb/AI203 interface. Misfit
dislocations (arrowed) with a characteristic "stand-off" distance were
observed in this proeiorL

a b

Fig. 2. High resolution image of a Nb/A1203 interface produced by
MBE growth. At the interface regions of good matching (a) and poor
matching (b) alternate. In the regions of poor matching a misfit
dislocation forms with no "stand-off' distance (b).



best be represented by a slightly delocalized misfit dislocation which does not
show any "stand-off" distance. The misfit dislocations are spaced periodically with
a distance of about 50 lattice planes in Nb. This can easily be explained by the 1.9%
misfit between the corresponding (112)Nb and (Oi1O)S planes which lie perpendi-
cular to the interface.

DISCUSSION

The orientation relationship (OR) between Nb and A1203 is prefixed in the
diffusion-bonded specimens. However, it is expected that for Specimen 11
(internally oxidized) and Specimen MI (epitaxial films) those ORs should develop
which lead to a low energy configuration of the system. It is interesting to note
that Specimen II and Specimen III possess essentially different ORs (Table 1) indi-
cating that different constraints exist during interface formation. The reasons for
the occurrence of the different ORs are not yet revealed.

The OR observed in Specimen I1 is characterized by parallel dose-packed planes
of both materials forming the interface. However, the OR observed in Specimen
m is not only determined by the interface planes but involves a unique three-
dimensional relationship between the Nb and A1203 crystal orientations which
can be found for various choices of substrate orientation [7,8]. This special OR can
be characterized by [O0001S II [111]Nb which seems to be dictated by geometrical
considerations.

Misfit dislocations could be observed in all specimens, in contrast to an earlier
study [4] where diffusion bonds with a different OR had been investigated.
However, no "stand-off" distance could be determined in Specimen III (see
Fig. 2b). The temperature during interface formation (1123 K) is appreciably lower
than the temperatures chosen for Specimen I and U. At this stage we assume that
the lower temperature of Specimen mI does not allow the dislocation to climb into
the actual equilibrium position so that it stays (purely due to geometrical con-
straints) at the interface.
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Single-crystal niobium films were grown by molecular beam epitaxy (MBE) on (0001)s, (1100)s and (l210)s sapphire

substrates. Cross-sectional specimens with thicknesses of < 20 nm were prepared so that the Nb/A120 3 interface could be
investigated by high-resolution electron microscopy (HREM). The same unique orientation relationship is obtained for
niobium films deposited on differently oriented sapphire substrates: (0001)sIKlll)Nb and (21101s11Ill0lNb. The atomistic
structure of the interface was identified by HREM. Defects at or close to the interface were analyzed. A model for the atomic
arrangement at the interface will be proposed.

1. Introduction knowledge of the atomistic structure of such inter-
faces is a prerequisite for an understanding of

The applications of modem engineering materi- their properties.
als such as metals and ceramics often require two Several methods are capable of generating well
different components (metals and ceramics) to be defined metal/ceramic interfaces. At the most
bonded. The resultant interfaces must typically fundamental level, ultra-clean, flat surfaces readily
sustain mechanical and/or electrical forces bond at moderate temperatures and pressures (3].
without failure. Consequently, interfaces exert an Interfaces can also be produced by internal oxida-
important, and sometimes controlling, influence tion of metallic alloys (4], where small oxide par-
on performance in such applications as com- ticles in different metals (Nb, Pd, Ag, ... ) are
posites, electronic packaging systems used in in- formed by oxidation of a less noble alloying com-
formation processing, thin-film technology and ponent such as Al, Cd, etc. Interfaces produced by
joining (1,2]. Furthermore, metal/ceramic inter- the internal oxidation process usually show a well
faces play an important role in the internal and defined low-energy crystallographic orientation re-
external oxidation or reduction of materials. A lationship between the two components and were

thus used as model systems. A third method for

* Present address: Max-Planck-Institut flir Metallforschung, manufacturing metal/ceramic interfaces is by

Institut far Werkstoffwissenschaft, 7000 Stuttgart 1. Fed. evaporation of metals onto clean ceramic surfaces.
Rep. of Germany. This method allows control over both substrate

0304-3991/90/303.50 C 1990 - Elsevier Science Publishers B.V. (North-Holland)
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material/orientation and overlayer composition, phire surfaces a unique three-dimensional epi-
and by this, well defined interfaces can be ob- taxial relationship between Nb and Al :O. devel-
tained [5]. However, only a few of the possible ops which is given by two sets of zone axes:
metal/ceramic combinations have been investi-
gated. One of these is Nb/A120 3 which has been [00IsII[Ill]Nb and [1010]s1[1[21lNb. (2)
studied by many different authors [1-20]. The latter orientation relationship was determined

Nb/A1203 serves as an excellent "model" sys- by reflection high-energy electron diffraction
tern since Nb and A120 3 possess nearly the same (RHEED) and X-ray diffraction (XRD). Interest-
thermal expansion coefficients and most thermo- ( 0E1) Na fif ormton (XRD ). r
dynamic quantities (solubility, diffusion data, etc.) ingly enough, (ais)Nb films form on (ea02)sR

areplanes with a distinct deviation from the exact

Nb/AI203 composites are used in different appli- orientation relationship [15,20] at rather low de-

cations such as Josephson junctions and as com- position temperatures.
The aim of the present studies was to char-ponents for structural materials. To date, only a acterize by HREM the orientation relationships

few detailed studies have been reported concern- and the aructuof N/l20inter-

ing the atomistic structure of Nb/Al 203 interfaces and the atornistic structures of Nb/A1203 inter-

formed after diffusion bonding [13,14,19], internal faces formed by MBE growth of Nb layers on

oxidation [4, 17,18], and after thin film deposition sapphire substrates with different orientations. The

[15,16]. The studies were all performed by high- lished in the literature.

resolution electron microscopy (HREM). Orienta-

tion relationships (OR) were evaluated from dif-
fraction studies, either by X-rays [6-12,20] or by
selected area diffraction (SAD) patterns obtained 2. Experimental details
in a transmission electron microscope (TEM)
[4,13-19]. The OR between Nb and A120 3 is The Nb layers were fabricated in a MBE growth
determined by the manufacturing route [16]. While chamber equipped with electron beam sources for
the OR is preset for interfaces prepared by diffu- evaporating refractory metals. The sapphire sub-
sion-bonding, topotaxial or epitaxial OR develops strates were parallel to (0001)s, (1i00)s and
during internal oxidation and epitaxial growth, (1210)s, respectively. The substrates were pre-
respectively. During internal oxidation a topo- heated and cleaned by annealing at - 1500 K for
taxial relationship forms between Nb and A120 3  I h in a dynamic vacuum of 5 x 10-8 Pa. The
[4,17,18] so that close-packed planes of both sys- growth of the Nb films was performed while the
tems are parallel to each other, i.e.: substrates were heated to 1123 K. Nb is a power-

ful getter. A combination of ion pumping and
(0001)s II (10)Nb and [0110]s II[00]Nb, (1) cryopumping was therefore employed to maintain

where a vacuum in the 10 -6 Pa range during crystal
growth so that no niobium oxides could form. The

S = sapphire ul. crystal surface structure could be monitored with

Epitaxial growth of very high quality single- RHEED which showed that the initial diffraction

crystalline overlayers of Nb on sapphire has been spots elongated with growth into streaks char-

a subject of recent experiments [5-12]. There ex- acteristic of an atomically smooth surface. Typical

ists experimental evidence [6,7] that for most sap- growth rates were one monolayer/s. The films
were grown to thicknesses ranging from 100 to 500
nm.

' The orientation relationship (OR) between two crystals of A special technique was used to obtain trans-

different lattice structure is uniquely described by one mission electron microscopy (TEM) cross-section
coinciding plane (in both lattices) and one set of coinciding samples [21] of the Nb film and the Nb/Al 203
directions in that plane. interface. Firstly, the sapphire plates carrying the



J. Mayer et al. / HREM studies of Nb /A 1.0. interfaces 53

.6

.2

"10.0 5.0 3.0 2.0 1.5
Resolution (in A)

-. 4

-. 6

-. 6

-l.0

Fig. 1. Actual calculated contrast transfer function (CTF) (1). undamped CT!F (2). and damping envelope (3) of the Atomic
Resolution Microscope (ARM) at the Center for Electron Microscopy, Berkeley (Hetherington et al. (22]). Operating conditions:

voltage 800 kVM defocus - 55 nm.

Nb film were glued to another piece of sapphire to 3. Experimental results
protect the thin metal layer. Then these "sand-
wiches" were cut into stripes and glued into a slit
within a cylindrical alumina holder (2.0 mm diam 3.- . Orentation relationships between Nb and A 103
eter) which was stiffened by a thin alumina tube
(outer diameter 3 mm). Discs were cut from these The OR between Nb and Al 1O3 was evaluated
holders, carefully polished to a thickness of 0.2 from selected area diffraction (SAD) patterns
mm and dimpled. During ion-milling shields were taken from different Nb films on sapphire sub-
used to protect the interface and to reduce the strates in three different orientations. For all films
effect of the different milling rates of Nb and a unique OR was evaluated which is characterized
A12O 3 . This preparation technique resulted in by the following coinciding planes:
specimens suitable for HREM studies. The foil
thickness was less than 20 nm in regions which (OOO1)sII(111)Nb, (3)

included the interface. Foil thicknesses down to 5
nm could frequently be obtained, and coinciding directions:

The HREM studies were performed at the
Atomic Resolution Microscope (ARM) at the Na- [2 1 1 0 ]s II [110]Nb (direction A), (4)

tional Center for Electron Microscopy (NCEM), [1010]sII [121]Nb (direction B). (5)
Berkeley, CA, USA. The microscope was operated
at 800 kV [221. The actual contrast transfer func- The same OR was identified by Durbin et al. [6,71,
tion (CTF) of the instrument is shown in fig. 1. see eq. (2). No deviation from this OR (eqs. (3)-
The point-to-point resolution of the instrument is (5)) could be identified within an experimental
in the range of 0.18 nm. The CTF is mostly error of 0.50.
determined by the energy spread of the instrument From crystallographic symmetry arguments the
(- 15 nm). As a result of the chromatic aberration angle between the directions A and B results in
the CTF is damped as shown in fig. 1. 300. Figs. 2a and 2b illustrate the relative OR of
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[0 0 0 1 1S lNe

I

[110 [12 [Nb P Ol s
[100]S[l•llb/ [110O Nb

ob
Fig. 2. Orientation relationship between sapphire substrates and niobium overlayers. (a) The three-dimensional orientation
relationship [0001Is 11111]Nb (S - sapphire) holds for all substrate orientations. (b) Orientation relationship for different directions

within the (0001)S 1l(lll)Nb plane.

the two crystals. From eq. (3) it follows that the of the interface as well as the analysis of defects
normals on the plane are parallel: associated with the interface, such as misfit dislo-

cations, etc. To obtain interpretable HREM images
[0001]s IILl]iNb" the electron beam should be incident along high-
Thus, the three-fold axes of the two crystals, i.e. symmetry directions in both crystals and should
Nb and Al203 (sapphire), are parallel, be parallel to the plane of the interface. A three-

It should be emphasized that the OR described dimensional analysis of the structure requires
by eqs. (3)-(5) is independently identified at epi- HREM images taken under different directions of
taxially grown Nb/Al203 interfaces for substrate the incident electron beam with respect to the
surfaces parallel to (00O1)s, (1100)s, and (1210)s. interface orientation. For specimen I (eq. (6),
The following abbreviations will be used for the (0O01)s substrate) these conditions are fulfilled if
three resulting systems: the electron beam is parallel to direction A and B.

respectively (eqs. (4) and (5), see fig. 2b). High-
(0 0 0 1)s: specimen I, resolution electron micrographs were taken from

(l100)s: specimen II, (6) the same interface in both directions by simply

(1110)s: specimen III. tilting the specimen inside the ARM.
Fig. 3 shows an overview of a large area of a

near-interface region. The defocus of the objective
3.2. Direct lattice images of the Nb/A1203 near- lens is slightly more negative (Af = -70 rim) than
interface regions. (0001)s substrate the Scherzer defocus (Af = - 55 rim). At this de-

focus the atomic distance corresponding to the
Direct lattice imaging of near-interface regions (200) planes with d = 0.165 rum becomes clearly

allows the determination of the atomistic structure visible [23]. Lattice planes can readily be identi-
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Fig. 3. High-resoiuuon images of a Nb/A120 3 interface. Direction of incoming electrons parallel to [ll0]Nb and defocus value
Af - -70 nm (Scherzer value - 55 run). Lattice planes can clearly be identified in both, sapphire and Nb. Foil thickness - 10 rm. At

the interface regions of good matching (N) and poor matching (D) alternate; (S) step in the substrate.

fied in A1203 and Nb. The foil thicknesses of Nb region of good matching (fig. 3, M) is imaged at a
and A1203 are identical. In Nb regions of good higher magnification in fig. 4. Fig. 4a shows the
matching (M) and poor matching (D) alternate at interface with the electron beam parallel to direc-
the interface. Steps can also be identified (S). The tion A. Nb and Al203 possess the same thickness

Fig. 4. High-resolution images of Nb/A1203 interface. Region of good matching (Mi). (a) Direction A with [2110)s 11111 01~b. b
Direction B with (116Os10112 111b.
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Nb [1T0ol 3do1 ,=, 4.043 A

2d( 21, =1.906 A
interface -. d~o) 2.156 A

d(012) = 3.479 A r /d(o 4) 2.551 A

Al 2 0 [2TTO® d(o l)=4.121 A

Fig. 5. Schematical drawing of selected lattice planes in Nb and Al'2O3 in direction A.

and lattice planes transfer continuously from Nb lattice planes with a spacing of 0.233 nm are
to Al 203. Fig. 4b is a micrograph of the same visible in the Nb crystal in regions of good match-
interface viewed along orientation B. Only (101) ing M. The (222) lattice planes (perpendicular to

I6

Fig. 6. High-resolution images of Nb/AI20 3, region of poor matching. A misfit dislocation forms with no stand-off distance. (a)
Direction A; the core of the misfit dislocation can readily be identified. (b) Direction B; the core of the dislocation line is inclined
with respect to the electron beam. The region of no matching of corresponding lattice planes is marked. This region corresponds to

the projection width of the additional lattice plane.
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(101)) possess a spacing of 0.095 nm which is
beyond the resolution limit and information limit
of the ARM. Therefore only (101) lattice fringes
are visible. In both orientations (figs. 4a and 4b) a
perfect match of the Nb and Al 203 lattice at the
interface is visible. Fig. 5 shows schematically
several lattice planes in Nb and Al 203, respec-
tively, for an axis of the incident electron beam
parallel to direction A. The lattice mismatch of the
(0110)s and (112)Nb planes perpendicular to the
interface is 1.9%. The Nb lattice possesses the
smaller spacing. The (0006)s and (222)Nb planes
are parallel to the interface and possess a lattice
mismatch of 11.9%. This larger mismatch is sig-
nificant if steps are present at the interface, see
section 3.4.

3.3. Localized misfit dislocations at the interface:
(0001)s substrate Fig. 8. High-resolution image of Nb/AlO3 interface; speci-

men II: (l1OO)sII(2 -1)Nb. Direction of electron beam parallel
The misfit of 1.9% between the (112)Nb and to [100016111lll6b. Good matching of Nb and A10 3 is ob-

Nb served at the interface.
(0110)s planes perpendicular to the interface is
accommodated by localized defects (misfit dislo-
cations) in regions of poor matching (fig. 3). misfit dislocation can clearly be identified. The

These localized misfit dislocations at the inter- Burgers vector is ½[11l0]Nb. No "stand-off' dis-
face are spaced periodically, about one every 50 tance [4,17,18,24] of the misfit dislocation can be
lattice planes (fig. 3). A higher magnification of identified.
region D of fig. 3 is shown in fig. 6. Fig. 6a The projection of the extra plane of the misfit
represents the images parallel to direction A. A dislocation is parallel to the electron beam in

direction A. For direction B (fig. 6b) the extra Nb
plane is inclined at an angle of 30 *. There is no fit
of corresponding planes in Nb and Al203 along
the projection of the inclined plane of the misfit
dislocation which is clearly visible in fig. 7b. The
projected length, x, can be measured:

x = (17 ± 2)dti 0  (d 1 0 = 0.233 nm),

and with the known tilt angle the thickness of the
foil, t, can be evaluated:

t = 8.0 ± 1.0 rim.

3.4. Steps at the interface: (0001)s substrate

The sapphire surface will usually not be atorni-

Fig. 7. "Scheimpflug image" [25] of HREM images in direction cally flat over large distances. Steps are expected
B (0001)s substrate. Steps can be observed (S). The step height if, e.g., small deviations exist between the surface

corresponds to the (0006) plane distance. plane and the (0001)s basal plane of sapphire



58 J. Mayer et at / HREM studies of Nb!/ AIOQ interfaces

prior to thin film evaporation. Such surface steps
can be recognized at the interface (figs. 3 and 7).
Careful inspection (especially on micrographs
imaged under a grazing angle, "Scheimpflug tech-
nique" [251) revealed that the step height of the
sapphire is always a multiple of the distance of the
02- layers within the Al203 structure parallel to
(0001)s. This distance corresponds to (0006)s
planes with d= 0.2165 nm. The corresponding
lattice spacing in Nb is d111 = 0.1906 nrm and is
11.9% smaller than the 02- spacing. Due to this
mismatch (fig. 5), the Nb lattice is distorted ad-
jacent to steps. The recognizable distortion ex-
tends up to about 10 nn into the Nb film.

3.5. Nb overlayers on (1l"0)s and (121O)s sub-
strates

SAD studies on Nb films deposited on (li00)s Fig. 10. High-resolution image of Nb/Ai 203 interface; speci-
men Ill: (12I0)s II(l0I)Nb. Direction of electron beam parallel

and (1210)s substrates (specimens II and III) re- to 10I0]sll[1211lb.
vealed the same unique orientation relationship as
described in eqs. (3) and (4). Fig. 8 shows a
micrograph of specimen II ((1000)S II (2f) Nb) with
the electron beam parallel to [0001S] II lll]Nb. Well
defined atom rows and lattice planes can be iden-
tified. The thickness of both, Nb and A120 3 is the
same at the interface. Good matching is reached good as the corresponding (000f1)s surfaces.
in most areas of the film. The flatness of the Pyramidal elevations can be seen (fig. 9) and thesesubsrats fr tis rienatin i no as elevations cause strong distortions in the Nb
(1100)s slattice. The distortion reaches about 10 nm into

the Nb film.
For specimen III the (101)Nb planes are paral-

lel to (1210)s) planes of the substrate surface. In
fig. 10 a micrograph is shown with the direction
of the incoming electron beam parallel to
[10101s J[[1 2 1 •Nb. The interface is imaged along the
same set of zone axes as specimen I in orientation
B (eq. (5)), with the only difference that the inter-
face plane lies perpendicular to the interface ob-
tained in specimen I (see fig. 4b). This illustrates
that the same OR is obtained for different sub-
strate orientations. In fig. 10 only (101) lattice
fringes of Nb can be identified since the lattice
spacing of (222)Nb planes is beyond the resolution

A1203  Nb limit of the microscope. The (222)Nb planes should

Fig. 9. High-resolution micrograph imaged with "Scheimpflug" be perpendicular to the interface. More detailed

technique. (lO00)s II (21 "l)Nb, electron beam parallel to experimental studies are required for a full under-
[0001Js II(1lb. Pyramidal elevations are clearly visible, standing of the interface.
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4. Discussion [1010]s [2iO]s

4.1. Orientation relationships

The observed orientation relationship (OR) for ' , 7- / ':'

Nb films on differently oriented sapphire sub-
strates is equivalent to results described in the
literature [5-7]. The three-dimensional orientation / A
relationship between Nb and A120 3 has been con- - -

firmed for the three different orientations of the
sapphire substrates: (0001)S 11 (111)Nb and - - -

[1010]s 11[121]Nb. Knowles et al. [15] demonstrated
by HREM that the same OR holds for (001) A C 8
niobium films deposited epitaxially on (1102)R
planes of sapphire. The characteristic misorienta-
tion from the "three-dimensional OR" is caused
by small locally misoriented regions in the im-
mediate vicinity of the Nb/A1203 interface.

The observed OR and hence the arrangements
of atoms at the interface is different from the OR

interfaces in internally Fig. 11. Schematic drawing of an unreconstructed (OOO)s
obtained at Nb/Al23 intbasal surface. 02- ions: light large circles. Al 3': dark sections
oxidized NbAl alloys. For both systems A1203 is of small circles, Nb atoms: bold medium-sized circles. It is

bound by an oxygen layer of the basal plane assumed that the 02- ions form the outermost layer. The Nb
[12,13,151. However, different Nb planes terminate atoms of the first Nb layer are positioned above the empty

at the interface. Typically, close-packed (110) sites of the first A13, layer which lies immediately next to the

planes juxtapose close-packed planes of A1203 as Outermost 02- layer.

interfaces formed by internal oxidation. The OR is
symmetry-dictated for epitaxial growth. It is not basal plane. Those steps may act as nucleation
obvious which interface of the different ORs pos- centers for the Nb film. The growth conditions are
sesses the lower interfacial energy. Further experi- selected such that two-dimensional crystal growth
mental studies may answer this question. occurs [5]. The reconstructed, Al-rich surface still

possesses three-fold symmetry with characteristic
4.2. Film formation distances equivalent to atomistic distances of

(111)Nb planes. For symmetry reasons it is ex-
Qualitatively the*Nb film formation on (0001)s pected that the first deposited monolayer of Nb

substrates (specimen I) could be described as fol- atoms has an OR which is dictated by the symme-
lows. The sapphire substrate was annealed at 5 X try of the sapphire surface leading (0001)(11 (111 )Nb.

10-8 Pa at 1500 K in a dynamic vacuum. The No twins could be identified in the (nearly) per-
annealing leads to a reconstruction of the a-Al 203 fect Nb film. It must be assumed that a unique
surface resulting in a (0_1 x V3)R ± 90 struc- atomistic relationship exists between the sapphire
ture [26-28]. At the surface the Al: 0 ratio is surface and the monoatomic Nb layer. There ex-

1:1, thus the sapphire is not stoichiometric at ists only one set of Nb atom positions on the
the surface. The RHEED studies performed at unreconstructed sapphire surface which leads to a
a-Al 20 3 surfaces prior to deposition of the Nb twin-free film (fig. 11). Nb atoms must be located
film indicate that a similar reconstruction is pre- on the terminating 0 2 -layer of sapphire on top of
sent. In addition, atomistic steps (facets) exist at "'empty sites" (fig. 11). A quantitative evaluation
the surface of sapphire due to small deviations of the HREM images should verify this hypothe-
between the surface orientation and the (0001)s sis.
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4.3. Misfit dislocations roughness may also play a role in dislocation
nucleation when the film is stressed.

The formation of the "core" of the misfit dislo-
cations can be explained using the Frank-Van der
Merwe model [29,30]. Subsequent Nb layers bond Acknowledgements
to the first layer by mctallic bonding building up
the misfit dislocation nucleated at the interface. This work was supported in part by DARPA
This model may explain the growth on (0001)s through the University Research Initiative Pro-
plane sapphire. It is, however, difficult to explain gram at UCSB, ONR Contract Number N00014-
the (general) three-dimensional orientation rela- 86am at UCSB, anR Contrac tmer Nf0En-86-K 0753 (J.M.) and by the Department of En-
tionship between Nb and A120 3 which develops ergy under Contracts DE-FG03-88ER45351
also on other sapphire surfaces. (M.R.) and DE-AC02-76ER01198 (C.P.F.) and by

A careful inspection of HREM images taken the Bundesministerium fUr Forschung und Tech-
under different focusing conditions of regions very nologie (BMFT) Contract Number NTS 02300.
close to the interface reveals that no reconstruc- The authors gratefully acknowledge the use of the
tion of sapphire close to the interface is recogniz- Atomic Resolution Microscope at the National
able. It must be assumed that the excess A] atoms Center for Electron Microscopy in Berkeley, CA,
of the reconstructed (0001) surface [26-28] diffuse USA.
into the Nb, which has a sufficiently high solubil-
ity for Al. Quantitative evaluation of the high-res-
olution images will support this qualitative state-
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Absftra-Single crystal niobiumn films were grown by Molecular Beam Epitaxy (MBE) on (000 I)s
sapphire substrates. Cross-sectional and plan-view specimens of the films were prepared so that the
Nb-A1203 interface could be investigated by conventional transmission electron microscopy (CTEM)
and high-resolution electron microscopy (HREM). The atornistic structure of the interface was identified
by HREM. Regions of good matching and regions containing structural defects alternate at the interface.
The defects can be described as misfit dislocations with no "stand-off" from the interface. The
spacing of the defects corresponds to the 1.9% mismatch between the two lattices. In regions of
good matching a fixed translational state between both lattices is established, which could be determined.
limage simulations constructed with this translational state were in good agreement with experiment.
In plan-view, periodic arrays of fringes were observed. These fringes are formed by a superposition of
moiri fringes and dislocation contrast. Weak-beam techniques were used to separate these two
contributions.

Rdsum6-On ilabore des films monocristallins de Nb par 6pitaxue par jet moliculaire (EJM) sur des
substrats de saphir (00l)s. Des 6chantillons en section droite et en section plane sont preparis de telle faqon
que l'interface Nb/Al2 03 puisse 8tre observee par microscopie ~iectronique en transmission classique et
en haute resolution. La structure atomique de l'interface est identifi~e en haute resolution. Des regions
de bon accord et des rigions contenant des defauts de structure alternent i l'interface. Les d&fauts peuvent
etre d~crits comme des dislocations de d6saccoird qui ne s'ecartent pas de l'interface. l.'espaocement des
difauts correspond au d6saccord de 1,9% entre les dciii riseaux. Dans les rigions de bon accord un 6tat
de translation fixe entre les deux reseaux est 6tabli et petit etre d&termin6. Des simulations d'images
constrwites avec cet itat de translation sont en bon accord avec l'expenience. Dans les vues planes, des
arrangements periodiques de franges sont observis. Ces firanges sont form6es par une superposition de
franges de moir6 et de contraste de dislocations. Les techniques de faisceau faible sont utilisees pour
distinguer ces deux cas.

Zmusamnfowassng-Einkristalline Niobfilme werden mit der Molekularstrahlepitaxie auf (000 l)3-Saphir-
Substrate geziichtet. Querschnitts- und Aufsichtsproben der Filme werden hergestellt, um die Nb/AL, 03 -
Grenzfiche mit hochaufi6sender und konventioneller Elektronenmikroskopie untersuchen zu kdnnen.
Die hochaufl6sende Abbildung zeigt, daI3 sich Bereiche guter Passung und Bereiche mit stnukturellen
Defektenan an der Grenzfliche abwechseln. Die Defekte k6nnen als Fehlpassunpsversetzungen 'ohne
Abstand zur Grenzfiiche' beschrieben werden. Der Abstand der Defekte entspricht der Fehlpassung von
1,9% zwischen den beiden Gittern. In Bereichen guter Passung besteht eine feste Translation, die bestimmnt
werden konnte. Bildsimulation, die diese Translation beriicksichtigen, stimmen mit demn Experiment gut
fiberein. In Aufsichtproben beobachtet man periodische Anordnungen von Streifungen. Diese Streifungen
werden verursacht von einer Oberlagerung aus Moire-Streifen und Versetzungskontrast. Mit der
Weak-beamn-Technik werden diese beiden Beitrige getrennt.

114TRODUCTION oxidation of metallic alloys [3), and evaporation of
metals onto clean ceramic surfaces [4]. While all three

A knowledge of the atomistic structure of methods result in well defined interfaces, the latter
metalý-ceramic interfaces is a prerequisite for under- method is the only one which allows the metal to
standing their properties [1]. Determination of the grow in a low-energy structural relationship with
atomistic structure of an interface by high resolution respect to the ceramic substrate.
electron microscopy (HREM) imposes certain geo- Nb-A120, serves as an excellent "model" system
metrical requirements on the interface: the interface since Nb and A120 3 possess nearly the same thermal
has to be planar and a low indexed orientation expansion coefficients and no chemical reactions
relationship with parallel lattice planes must exist. occur at the interface. Several HREM studies have

The three most important methods for generating been reported concerning the atomistic structure of
well defined metal--ceramic interfaces are: bonding at Nb-A120 3 interfaces formed after diffusion bonding
moderate temperatures and pressures [2], internal [51 and internal oxidation [31. By comparing the
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results from these studies with the results of our Conventional TEM studies were performed in a
present investigations, further insight in the growth of JEOL 200 CX transmission electron microscope. The
metal-ceramic interfaces can be gained. HREM studies were performed at the Atomic Resol-

The orientation relationship (OR) between Nb and ution Microscope (ARM) at the National Center
A120, is determined by the manufacturing route [6]. for Electron Microscopy (NCEM), Berkeley. Califor-
While the OR is preset for interfaces prepared by nia, U.S.A. The microscope was operated at 800 kV.
diffusion-bonding, topotaxial or epitaxial ORs The point-to-point resolution of the instrument is
develop during internal oxidation and epitaxial in the range of 0.17 nm. Image simulations were
growth, respectively. A topotaxial relationship forms performed using Stadelmann's program [9]. The
during internal oxidation [31 so that close-packed experimental and simulated images were compared
planes of Nb and A120 3 are parallel to each other at by inspection.
the interface, i.e.

(1 IO)Nb//(OOOI)s and [O01]N//[OlITO]s EXPERIMENTAL RESULTS

(S = sapphire). (OR I) (a) HREM of the interface
Quantitative HREM of interfaces requires that the

The characterization of epitaxially grown very electron beam is incident along high symmetry direc-
high quality single-crystalline overlayers of Nb on tions in both crystals. Furthermore, the electron
sapphire has been a subject of recent experiments beam has to be parallel to the plane of the interface.
[4, 7]. In these systems an epitaxial OR was deter- For OR 2 these conditions are fulfilled along
mined with a (11 l)Nb plane parallel to the basal plane two sets of zone axes, i.e. if the electron beam is
of the sapphire [4,7] incident along [I TO]Nb//[2IT01s (direction A) or along

[1211]b//[1OT0]s (direction B) [7]. High resolution
(11I)Nb//(0001)s and [IT0]Nb//[2TTb0. (OR 2) electron micrographs were taken from the same inter-

face area in both directions A and B by simply tilting
The same well-defined OR is also established for the specimen inside the ARM.
various other substrate orientations, namely the Figure 1(a) shows the interface with the electron
(I0oo)5 , (1210)s and (IT02)s planes [7]. This suggests beam parallel to direction A. Lattice planes transfer
that there is a unique three-dimensional way of continuously from Nb to A120 3. Figure l(b) is a
interconnecting the lattices of both materials which micrograph of the same interface area viewed along
dictates the OR formed during epitaxial growth. orientation B. Only (IOT)Nb lattice planes with a

In previous studies [7] we have obtained an under- spacing of 0.233 nm are visible in the.Nb crystal. The
standing of the atomistic matching of the two lattices (222) lattice planes [perpendicular to (!0l)Nb] possess
at the interface, including the occurrence of defects a spacing of 0.095 nn which is beyond the infor-
and steps at the interface. The misfit between the two mation limit of the ARM. In both orientations
lattices is accommodated by localized defects leading [Fig. l(a, b)] a perfect match of the Nb and A1,0 3
to extended regions of good matching between the lattice at the interface is visible. The mismatch of the
defects. The aim of the present investigations was to (OIlo)s and (0 12 6)b planes which are perpendicular to
characterize the atomistic structure of the interface in the interface is only - 1.9% and this misfit is accom-
the areas of good matching by quantitative HREM. modated by localized defects (misfit dislocations) in
Nb films grown on basal plane (0001)s substrates the regions of poor matching (Fig. 2). This allows the
were used because of the low mismatch of 1.9% in all Nb lattice in between these defects to expand slightly
directions parallel to the interface. Comparison of along the interface (the Nb lattice possesses the
high-resolution micrographs with simulated images smaller lattice plane spacing) resulting in extended
resulted in a determination of the translational state regions of perfect matching. The expansion of the
of the two lattices in the areas of good matching, and lattice plane spacings parallel to the interface is
of the chemistry of the terminating plane of the limited to regions close to the interface. The lattice
A120 3. planes of the Nb, especially near the misfit dislo-

We also report on the results of our studies on the cations, are bent resulting in a continuous transition
2-dimensional arrangement of the misfit dislocations to the undistorted Nb lattice further away from the
by conventional TEM in plan-view, interface (this can be seen by viewing Fig. 2 under

grazing incidence). No dislocations or lattice distor-

EXPERIMENTAL tions could be seen in the A120 3 lattice. The misfit
dislocations in the Nb do not show any "stand-off"

The Nb layers were fabricated in an MBE growth distance from the interface.
chamber as described elsewhere [4, 7]. Typical growth In HREM images only projections of the foil on its
rates were one monolayer/s. The films were grown to exit surface can be analyzed. Dislocations can thus
thicknesses ranging from 10 to 500 nm. For the TEM only be identified if viewed edge on, i.e. if the
specimen preparation a special technique was used dislocation line lies parallel to the beam. The dislo-
which will be described in [8]. cation shown in Fig. 2 fulfils this requirement and by
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(a)

Fig. 2. High resolution image of a region of poor matching.
A misfit dislocation forms with no stand-off distance from
the interface. The core of the misfit dislocation can readily
be identified, as outlined in the picture. The arrows indicate
inserted planes in the Nb; black and white arrow: additional

(110) plane, white arrow: additional (002) plane.

can be used to image the dislocations are very close
to corresponding reflections of the sapphire (the
distances between the reflections are given by the
1.9% misfit). In bright-field or dark-field images this
causes strong moir6 contrast with the same period-
icity as the misfit dislocations. (2) In order to obtain
strong diffraction contrast of the dislocations (utilis-

M ing dark field imaging techniques) bent lattice planes
have to be present in the vicinity of the dislocation
core. In our system the core of the misfit dislocations

Fig. I. High resolution image of the Nb-AI203 interface, is located directly at the interface. The bent lattice
The images were taken in a region of good matching along
two different sets of zone axes. (a) Direction A with planes around the dislocation core terminate abruptly
[ITO]Nb//[2TTO0s. (b) Direction B with [l2l],.//[(0I0]s. Both at the interface and additional relaxations have to
images were obtained from the same area by tilting the be expected in the niobium at the interface to the
sample in the microscope. The tilt angle was 30°. Note that rigid sapphire lattice. It is thus not clear whether
the contrast fringes cross the interface continuously and the simple g -b criterion which is used to select

without steps. possible imaging conditions for bulk dislocations is

also valid in the case of misfit dislocations without
making use of the continuous transition of lattice "stand-off".
planes between the niobium and the sapphire a A schematic drawing of the atomistic structure of a
Burgers circuit can be performed. A projected 1/2[1 l]j]b dislocation in bulk Nb is shown in Fig. 3.
Burgers vector of b = 1/2[11 T]Nb was determined. The model is purely geometrical and relaxations in
Since only the projection can be seen in the HREM the vicinity of the dislocation core have not been
image this does not preclude a possible screw taken into account. The dislocation core consists of
component parallel to the viewing direction. three inserted (222) planes. The position of the (Ill)

plane forming the terminating plane at the interface
(b) CTEM of plan-view specimens is indicated in Fig. 3. In the experimental image

While in HREM individual dislocations can be (Fig. 2) it is virtually impossible to identify geometri-
viewed edge-on, imaging of a two-dimensional array cally the three additional (222) planes forming the
of dislocations lying parallel to an interface requires dislocation core. However, if viewed along the
that this interface be inspected in plan-view. The arrowed directions an additional (110) plane (corre-
dislocations can then be imaged with conventional sponding to a Burgers vector of 1/2111 0]Nb) and an
"TEM techniques. additional (002) plane (corresponding to a Burgers

In the case of our system two difficulties arise: vector of l/ 2
[001]Nb) can clearly be identified in both

(1) All the low-indexed reflections of the Nb which the experimental image (Fig. 2) and the schematical
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lk b = 1/2<111 >•.,. We failed to detect the dislocations
with g-vectors of type ITO, 112 and 222 in orien-
tations close to the [111] zone axis. Only images

S L I I J- I I Jwhich were obtained by tilting to a 110 systematic
*T.T. T11T11T orientation close to the [001] zone axis revealed the

I T i T- arrangement of the dislocation lines. Figure 5 shows
, - a bright field image obtained under kinematical

I I i *1"[ T (equivalent to weak beam) conditions. The specimen
L T , I Ti I T, /area is bent leading to a variation of the excitation

I I • " I I T. / T 'L error across the image. In the dark bend contour
I T111, 1 T/ strong moiri fringes can be seen whereas sharp

IN _17r.1 /dislocation lines become visible in the areas adjacent
S. . / .'.. to the bend contour. The visibility in this orientation
I -, I I , - is in agreement with our observation that strong

- I T I -I T bending of lattice planes can only be seen in the
T -I , T1 - HREM images if the dislocation is viewed in grazing
- T I - incidence along a [001] direction. In Fig. 5 only one
- ,,- -I set of the misfit dislocations forming the complete

array can be seen. It consists of a parallel arrange-
a l ment of continuous dislocation lines. The other two

sets are related to the set shown by the threefold
Fig. 3. Schematic drawing of a 1/2 [1 IT] dislocation in bulk symmetry, i.e. two 1200 rotations. From this we can
Nb. Relaxations of the three inserted (222) planes have conclude that- the misfit dislocations are forming a
not been taken into account. One unit-cell including the
Burgers-vector is outlined. The position of the terminating triangular array at the interface between the Nb and
(I 11) plane at the Nb-sapphire interface is marked (--). the sapphire. We were not able to image the other

two sets of parallel dislocations in one sample area
because of the limited tilt angle capacity of the

drawing (Fig. 3). This description is equivalent to microscope.
decomposing the Burgers vector into two com-
ponents according to: 1/2[ ] 6 ,T1/2[110 ]b 4+ (c) Image simulation and interpretation
I/2[OOT]J. Especially for the 1/2[11 0]Nb component Quantitative HREM requires computer simu-
strong bending of the lattice planes and a strong lation. The atomistic configuration is obtained if
localization of the dislocation core can be recognized experimental images are identical to images simulated
in the HREM image (Fig. 2). for specific atomistic models. The analysis requires

Bright field images showing strong moir6 contrast the knowledge of the exact focusing value and the foil
are depicted in Fig. 4(a-c). The images were taken thickness. These values have to be determined in a
under dynamical scattering conditions which were first step [12]. The determination of the foil thickness
obtained by tilting only slightly away from the [111] is most accurate if observed images of the Nb and
zone axis so that a 110 systematic row of reflections A120 3 are compared to tableaus of calculated lattice
was excited. The tilt angle was about 10* and the images for varying thicknesses and focus values [9].
same tilt was applied in three different directions Good agreement between the simulated images and
related by symmetry. In these projections the dislo- the experimental image is obtained for a defocus of
cation lines should be inclined by 300 with respect to Af= -40 n and a foil thickness oft = 7 nm in Nb
the moirc fringes. However, under the given imaging and A120 3. From the simulated images it is also
conditions the contrast of the dislocations is almost possible to determine the positions of the atoms in
extinct and the dislocations cannot be seen due to the both crystals with respect to the intensity distribution
strong moir6 contrast. in the experimental image. The next step is to identify

The diffraction contrast caused by the dislocations the translational state T of the two crystals with
and the moire fringes can only be distinguished by respect to each other. Such a translational state only
weak-beam imaging [10]. In weak-beam images exists in the areas of good matching. In these areas
diffraction contrast is caused by a specific strain the two crystals become commensurate at the inter-
component [11]. The image obtained from a dis- face by expanding the lattice plane spacing of the Nb
location is narrower (1-2nm) because the imaging (Fig. 6). The translational vector T (TI, T2, T3) can
conditions are such, that only areas close to the be constructed so that the components T1 and T2 lie
dislocation core, where lattice planes are strongly within the interface plane and T3 is perpendicular
bent, contribute to the image. As stated above the to it.
strong bending required to produce weak-beam An inspection of the HREM images (Figs I and 2)
images might not be present in the case of misfit reveals that certain lattice fringes in Nb and A120 3
dislocations. We have thus tried a variety of g-vectors transfer continuously into each other across the
which could be used to image bulk dislocations with interface. Furthermore, the positions of the atoms
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S-. elsewhere [13]. The result is shown in [Fig. 7(b)].
From the known positions of the atoms in both the
Nb and the AI,0, we have determined the trans-

-c.
. lational state of both lattices across the interface.

From this a model of the atomic structure at the
interface can be derived. If we assume that the lattice

"b continues undisturbed up to the interface, then the
S ," atomistic structure represented in Fig. 8 is obtained:

the A1203 is terminated by an oxygen layer and the
,.,,, I' Nb atoms of the first Nb layer fit accurately in the A

.• sites [Fig. 8(b)] of the oxygen layer under which no
Al ions are positioned. An obvious choice for the

II. origin of the translational vector T is given by one of

Fig. 5. Bright field image in a systematic orientation close the Al-sublattices as indicated in Fig. 8(a) and (b).
to the [0011 zone axis (tilt angle 550 from (11)] foil normal)
with g =- 110. In the dark bend contours (Bragg condition) The first Nb layer possesses exactly the same three-
only moire fringes can be seen whereas sharp dislocation fold symmetry and the same atomic distances as the
fines (arrowed) become visible in the areas adjacent to the individual layers of the Al-sublattice parallel to the

bent contour (kinematical diffraction condition). interface.

The third and final step is to simulate HREM
with respect to these lattice fringes in the experimen- images for the structure model shown in Fig. 8 and
tal images are known. However, due to the noise to vary the individual parameters until a best fit is
present in the experimental image the position of the obtained. Four examples of the simulated images
atomic columns can not be located very accurately for different parameters are shown in Fig. 7(c-f).
[Fig. 7(a)]. In order to reduce the noise of our Figure 7(c) shows the image with the best fit from
experimental images we have applied a Fourier filter- which we determined the translational vector T.
ing technique, which has recently been developed for Figure 7(d) and (e) show the result for a decrease or
interfaces. Details of the technique will be published an increase of the distance between the two lattices,

i.e. the component T3, by 0.04 nm. The relative shift

al of the lattice planes can be seen by viewing the images
under grazing incidence. Figure 7(f) shows an image

1111111 I 11 !I1which was obtained by removing the last oxygen layer
I IIIII IIIII of the sapphire lattice. This results in a contrast along4A the interface which is clearly different from the one in

II Ii Ithe experimental image and also leaves a gap at the
interface where the atoms would not be in touch with

iat•a each other.
I jIIII From Fig. 7(c) the components T1, T, and T3 of the

translational vector result in

I, TT1 =a.0 3/6=0.137nm, T1,=ao/2=0.238nm,

a2  T 3 = c0 /6 = 0.216 nm

where a. and c. are the lattice constants of sapphire.

J[ ] [The experimental error in determining each individ-
ual component is ± 0.02 nm. The vector (T,, 7T,, T3)
given above is a lattice vector of the Al sublattice

* -indicated in Fig. 8(a). Therefore, within the exper-
- I - ! T I imental error, the Nb atoms of the first layer are

Ia I positioned exactly in the sites where the Al-ions of the
next layer would be placed if the sapphire lattice
would be continued.

Fig. 6. The lattice plane spacings of two different materials
are incommensurate. If two lattice planes of both materials DISCUSSION
are brought together in one point the same match will never
occur again along the interface. Due to relaxations along the Qualitatively, the Nb film formation on (OOO1)s
interface an epitaxial fit can be achieved at metal-ceramic substrates was described in Ref. [4]. Steps exist at the
interfaces. The mismatch is accommodated by localized sapphire surface which may act as nucleation centers
misfit dislocations in the metal (in circles). In the regions of for the Nb film. The growth conditions are selected
good matching between these defects a unique translational
state is obtained between both lattices which can be such that two-dimensional crystal growth (ledge

described by a translational vector T. growth) occurs. The initially reconstructed, Al rich
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(a) [0010 [11 (110] (ll l) ;0b(OOOl)s. Our experiments show no evidence
,,, / that the surface reconstruction is still present at our

f Nb-AI.0 3 interface. From this we conclude that a
transformation to the bulk structure occurs during
growth of the Nb film, thus lowering the energy of the4• interface.

No twins could be identified in the (nearly) perfect
Nb film. It was demonstrated that a unique atomistic

- relationship exists between the sapphire surface and
the monoatomic Nb layer. There exists only one
set of Nb atom positions on the unreconstructedosapphire surface which leads to a twin free film
(Fig. 8(b)]. Nb atoms must be located on the termi-
nating 02 layer of sapphire on top of "empty sites".
Comparison of experimental HREM images with
the corresponding simulated images verified this
hypothesis. For the first time all three components

Q of the translational vector between the two lattices
joining at a metal-ceramic interface could be deter-
mined.

110i4] p0001] [012] The location of the Nb atoms on top of the
terminating 02- layer is such that the Al sublattice
which would form the next layer of the sapphire is

(b) [2110]9 continued. This implies that the distance between a

[101.0]. [1106 Nb atom of the first layer and the three neighbouring
[02 ions is shorter than the distance which would be

[121 1Q.expected for neutral Nb atoms. However, a good

match is obtained for the radius of the Nbl ion. A
layer of Nb3 + would also account for the charge
balance across the interface assuming that a complete
0- layer is terminating the sapphire at the interface.

In conclusion the epitaxial growth of Nb on basal

plane sapphire seems to be dictated by a continuation
of the cation sublattice of the sapphire in both
"location and ionicity of the Nb atoms of the first
layer. Nb grows well on sapphire because the result-
ing first layer has the same symmetry and atomic

T2  .. arrangement as the (11) plane of bulk Nb, with only
a 1.9% mismatch. The model we present here was
derived mainly from a geometrical evaluation of the
HREM images. It therefore does not take into

account the effects of possible interdiffusion leading
to a partial substitution of e.g. Nb by Al near the
interface. HREM as a method is fairly insensitive to

Fig. 8. Schematic drawings of the atomic positions at the such a change in chemistry which leaves the structure
Nb-AI20 3 interface. (a) View parallel to the interface. 02-
ions: fight large circles; A13 1: black circles; Nb atoms: 'rY w unaffected. The chemistry of the interface therefore
circles. Note the continuous transition of (I IO)N to (1014) will have to be studied by high resolution chemical
planes and (001)Nb to (0T12)s planes. (b) View perpendicular analysis.
to the interface. 0- ions: light large circles; Al13 : dark
sections of small circles; Nb atoms: bold medium sized Acknowledgements-This work was supported in part by
circles. It is assumed that the O0- ions form the outermost the Department of Energy under contract DE-AC02-
layer. The Nb atoms of the first Nb layer are positioned 76ER01198 (CPF) and by the Bundesministerium fu-r

above the empty sites of the first A13 layer. Forschung und Technologie (BMFT), contract NTS 0230 0

(MR). The authors p. "efully acknowledge the use of the
Atomic Resolution Microscope at the National Center for

surface of the sapphire [14] still possesses 3-fold Electron Micrsocopy in Berkeley, Calif., U.S.A.
symmetry with characteristic distances equivalent to
atomistic distances of (11 l)Nb planes. For symmetry REFERENCES
reasons it is expected that the first deposited mono- 1. M. Rie, A. G. Evans. M. F. Ashby and J. P. Hirth
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ABSTRACT

Single crystal niobium films were grown by Molecular Beam Epitaxy (MBE)
on (0001)s sapphire substrates. Cross-sectional specimens with thickness of < 20
nm were prepared so that the Nb/AI20 3 interface could be investigated by high
resolution electron microscopy (HREM). The orientation relationship between the
metal film and the ceramic substrate was verified by selected area diffraction:
(111)Nb I (0001)S and [1f10]Nb IJ (2T01S. The atomistic structure of the interface was
identified by HREM.

INTRODUCTION

Metal/ceramic interfaces exert an important, and sometimes controlling,
influence on the performance of engineering materials in many different
applications in materials science (1]. A knowledge of the atomistic structure of
such interfaces is a prerequisite for an understanding of their properties. Three
methods are capable of generating well defined metal/ceramic interfaces: bonding
at moderate temperatures and pressures [21, internal oxidation of metallic alloys
[3], and evaporation of metals onto dean ceramic surfaces [41. While with all three
methods well defined interfaces could be obtained, the latter method allows
control over both substrate material/orientation and overlayer composition.

Nb/A120 3 serves as an excellent "model" system since Nb and A120 3 possess
nearly the same thermal expansion coefficients and most thermodynamic
quantities are well established for both components. Several HREM studies have
been reported concerning the atomistic structure of Nb/A1203 interfaces formed
after diffusion bonding [5]. The orientation relationship (OR) between Nb and
A1203 is determined by the manufacturing route [6]. While the OR is preset for
interfaces prepared by diffusion-bonding, topotaxial or epitaxial OR develops
during internal oxidation and epitaxial growth, respectively. During internal
oxidation a topotaxial relationship forms between Nb and A1203 (3] so that close-
packed planes of both systems are parallel to each other, i.e.:

(ll0)Nb I (0001 )S and [011]Nb I [O1i0]S (S-sapphire) (1)

Epitaxial growth of very high quality single-crystalline overlayers of Nb on
sapphire has been a subject of recent experiments [4,6]. An OR was determined
with a (111)Nb plane parallel to the basal plane of the sapphire [4]:

(1 11)Nb I (0001)5 and [ll0]Nb [2110]S (2)

Mat. Res. Soc. Symp. Proc. Vol. 201. tI1"I Materials Research Society
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The aim of the present study was to characterize by HREM the atomistic structures
of Nb/A120 interfaces formed by MBE growth of Nb layers on a (00 01)S sapphire
substrate. Quantitative HREM resulted in a determination of the translational
state of the two crystals close to the interface and of the chemistry of the
terminating plane of A120 3.

EXPERIMENTAL DETAILS

The Nb layers were fabricated in an MBE growth chamber as described
elsewhere [4]. Typical growth rates were one monolayer/s. The films were grown
to thicknesses ranging from 100 nm to 500 nm. For the TEM specimen preparation
a special technique was used which is described in [4].

The HREM studies were performed at the Atomic Resolution Microscope
(ARM) at the National Center for Electron Microscopy (NCEM), Berkeley, CA,
USA. The microscope was operated at 800 kV. The point-to-point resolution of
the instrument is in the range of 0.17 nm. Image simulations were performed
using Stadelmann's program [7]. The comparison between experimentally
obtained and simulated images was performed by optical inspections.

EXPERIMENTAL RESULTS

Quantitative HREM of interfaces requires that the electron beam is incident
along high symmetry directions in both crystals. Furthermore, the electron beam
has to be parallel to the plane of the interface. For OR(2) these conditions are
fulfilled if the electron beam is incident along [l10]Nb I [27110 ]s (direction A) or
along [1•.INb If (10101S (direction B) (4]. High resolution electron micrographs were
taken from the same interface area in both directions A and B by simply tilting the
specimen inside the ARM.

Fig. 1 shows an overview of a large area of a near interface region. The defocus
of the objective lens is slightly more positive (Af = -40 nm) than the Scherzer
defocus (Af = -55 nm). Lattice planes can be readily identified in Nb and A1203.
The foil thicknesses of Nb and A1203 are identical. In Nb regions of good
matching (M) and poor matching (D) alternate at the interface. Steps can also be
identified (S). The regions of poor matching (D) cover less than 10% of the
interface plane and can be described as slightly delocalized misfit dislocations [4].
This paper deals only with the regions of good matching, which cover more than
90% of the interfacial area.

The region of good matching (Fig. 1, M) is imaged at a higher magnification in
Fig. 2. Fig. 2a shows the interface with the electron beam parallel to direction A.
Lattice planes transfer continuously from Nb to A120 3. Fig. 2b is a micrograph of
the same interface viewed along orientation B. Only (106)Nb lattice planes with a
spacing of 0.233 nm are visible in the Nb crystal. The (222) lattice planes
(perpendicular to (101)) possess a spacing of 0.095 nm which is beyond the
information limit of the ARM. In both orientations (Figs. 2a and 2b) a perfect
match of the Nb and A120 3 lattice at the interface is visible. The lattice mismatch
of the (0710)S and (1I12)Nb planes which are. perpendicular to the interface is only
-1.9% and this misfit is accomodated by localized defects (misfit dislocations) in
the regions of poor matching. This allows the Nb lattice in between these defects
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Fig. 1: High resolution image of a Nb/AI203 interface. Lattice planes can clearly be
identified in both, sapphire and Nb. Foil thickness - 10 nm. At the inter-
face regions of good matching (NO and poor matching (D) alternate. S: step
in the substrate.

to expand slightly along the interface (the Nb lattice possesses the smaller lattice
plane spacing) resulting in extended regions of perfect matching. The expansion of
the lattice plane spacing parallel to the interface is limited to regions close to the
interface. The lattice planes of the Nb, especially near the misfit dislocations, are
bent resulting in a continuous transition to the undistorted Nb lattice further away
from the interface (this can be seen by viewing Fig. I under grazing incidence). No
dislocations or lattice distortions could be seen in the A1203 lattice.

IMAGE SIMULATION AND INTERPRETATION

Quantitative HREM requires computer simulation. The atomistic
configuration is obtained if experimental images are identical to images simulated
for specific atomistic model configurations. The analysis requires the knowledge
of the exact focusing value and the foil thickness [8]. The determination of the foil
thickness is most accurate if observed images of the Nb and A1203 are compared to
tableaus of calculated lattice images for varying thicknesses and focus values for
both, Nb and A1203 [7]. Fig. 3 shows that good agreement between the simulated
images and the experimental image is obtained for a defocus of Af= -40 nm and a
foil thickness of t=7 nm in Nb and A1203. From the simulated images it is also
possible to determine the positions of the atoms in both crystals with respect to the
intensity distribution in the experimental image (Fig.3).

The next step is to identify the translational state I of the two crystals with
respect to each other. Such a translational state only exists in the areas of good
matching because the two crystals become commensurate at the interface by
expanding the lattice plane spacing of the Nb. The vector I (TI, T2, T3) can be
constructed so that the components T1 and T2 lie within the interface plane and T3
is perpendicular to it.
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a b

Fig. 2: High resolution image of Nb/AI20 3 interface. Region of good matching
(Mf).

a.) Direction A with [171o i [27l0s
b.) Direction B with [ni]iJ I [lOlOls

Note that contrast fringes cross the interfaces without steps oi interphases.

Fig. 3: High resolution image
of Fig. 2a at higher magnifi-
cation. The inserts represent
simulated images for a
specimen thickness t = 7 nm
and a defocus value of Af = -40
rnm. The atom positions are
marked. Nb: stars, Al: white
triangles, 0: black on white
dots.

An inspection of the HREM images (Figs. 1, 2) reveals that certain lattice
fringes in Nb and A120 3 transfer continuously into each other across the interface.
Furthermore, the positions of the atoms with respect to these lattice fringes in the
experimental images are known (Fig. 3). If we assume that the lattice continues
undisturbed up to the interface, then the atomistic structure represented in Fig. 4
and 5 is obtained: the A1203 is terminated by an oxygen layer and the Nb atoms of
the first Nb layer fit accurately in the A sites (Fig. 5) of the oxygen layer under
which no Al ions are positioned. An obvious choice for the origin of the
translation vector I is given by one of the Al-sublattices as indicated in Figs. 4 and
5. The first Nb layer has exactly the same threefold symmetry and the same atomic
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Emil] 1111] [110]

Fig. 4: Schematic drawing of the
atomic positions at the Nb/
A1203 interface. The result is
obtained by quantitative HREM.
02- ions: light large circles, Al3+: 0 0 0 0
black circles, Nb atoms: grey
circles. Note the approximate
parallelity of [110]Nb to (1014]s
planes and [001]Nb to [OIi21S 0(0 0 0
plane.

[2110]9
lOO] [11M 10U)4 [m00011 Pi12l

Fig. 5: Schematic drawing of a
non-reconstructed (O001)S basal
surface. 02- ions: light large
circles, A13+: dark sections of
small circles, Nb atoms: bold

S .. medium sized circles. It is
assumed that the 02- ions form
the outermost layer. The Nb
atoms of the first Nb layer are
positioned above the empty
sites of the first Al3+ layer.

distances as the individual layers, parallel to the interface. From this T1, T2 and T3

result in:

T1 = a043/6 = 0.137 run, T2 = a0 /2 = 0.238 nrm, T3 = c0 /6 = 0.216 nm

where ao and co are the lattice constants of sapphire. The values of TI, T2, T3 were
calculated according to the model shown in Fig. 4, not taking into account an
experimental error of ± 0.02 nm in determining the location of the lattice planes
from the high resolution images.
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DISCUSSION

Qualitatively, the Nb film formation on (0001)S substrates was described in [4].
Steps exist at the sapphire surface which may act as nucleation centers for the Nb
film. The growth conditions are selected such that two-dimensional crystal
growth (ledge growth) occurs. The initially reconstructed, Al rich surface of the
sapphire [9] still posseses 3-fold symmetry with characteristic distances equivalent
to atomistic distances of (111)Nb planes. For symmetry reasons it is expected that
the first deposited monolayer of Nb atoms has an OR which is dictated by the
symmetry of the sapphire surface leading to (lll)Nb 0 (O0OI)S. Our experiments
show no evidence that the surface reconstruction is still present at our Nb/A120 3
interface. From this we conclude that a transformation back to the bulk structure
occurs during growth of the Nb film, by this presumably lowering the energy of
the interface.

No twins could be identified in the (nearly) perfect Nb film. It was
demonstrated that a unique atomistic relationship exists between the sapphire
surface and the monoatomic Nb layer. There exists only one set of Nb atom
positions on the unreconstructed sapphire surface which leads to a twin free film
(Fig. 5). Nb atoms must be located on the terminating 02- layer of sapphire on top
of "empty sites." The quantitative evaluation of the HREM images verified this
hypothesis. In a concluding step, experimental HREM images of regions which in-
cluded the interface have to be compared to corresponding simulated images [10].
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ABSTRACT
High-resolution transmission electron microscopy (HRTEM), in conjunction

with extensive image simulation, has been applied to topotaxial A120 3-Pd
interfaces formed by the internal oxidation of Pd-Al alloys. The A120 3 phase has
been characterized as ri-A 203 from HRTEM images. We conclude that the A120 3
is terminated by 0 ions after oxidation and by Al ions after a subsequent annealing
in Al vapour. This structural modification is consistent with earlier H-trapping
experiments. The origin of the ceramic precipitates in relation to the transmission
electron microscopy and complementary X-ray measurements and the difficulties of
applying HRTEM to an incoherent topotaxial interface are disussed

§ 1. INTRODUCTION
The mechanical behaviour of metal-ceramic composites is strongly dependent on

the properties of the heterophase boundaries in the material. Therefore an understand-
ing of the relationship between interfacial structure and interface properties is essential.
In addition, it is most desirable to understand how structure and properties may be
modified, for example by segregation or interphase formation.

Metal-ceramic interfaces can be produced by diffusion bonding (Fischmeister,
Mader. Gibbesch and Elssner 1988), epitaxial growth of a metal (ceramic) film on a
ceramic (metal) substrate or by internal oxidation of metal alloys (Meijering 1971). It is
expected that during internal oxidation, special low-energy interface configurations
develop. Recently, high-resolution transmission electron microscopy (HRTEM)
studies were performed at metal-metal oxide interfaces produced by internal
oxidation. Quantitative HRTEM studies revealed that in the Ag-CdO system (Necker
and Mader 1988). as well as in Cu-A120 3 (Ernst, Pirouz and Heuer 1991), 0 forms the
outermost layer of the precipitates formed at 'high' 02 partial pressure, that is during
annealing in air at ambient pressure. In contrast, Huang, Mader, Eastman and
Kirchheim (1988) gave experimental evidence that the composition of the outermost
layer of the ceramic at Pd-A120 3 interfaces depends on the ratio of the chemical
activities of 0 and Al, respectively, in Pd. From H-trapping experiments (Huang et al.
1988) it was concluded that after oxidation (high ratio of 0 to Al activity) the ceramic
precipitates are bounded by 0 anions, whereas Al cations form the outermost layer of
the particles when the Al activity in the metal was increased by annealing the oxidized
material in Al vapour (the case of low ratio of 0 to Al activity). The conclusions of
Huang et al. (1988) are experimentally well supported, consistent with thermodynamic

t Present address: Max-Planck-lnstitut ffir Metallforschung, W-7000 Stuttgart 1, Germany.

:Received in final form 16 April 1991.

0141-8610/92 S3,00 C) 1992 Taylor & Franca Ltd.
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considerations, and give averaged chemical information about the interfaces. However,
H-trapping experiments cannot provide structural information about the Pd-Al20O
interface on an atomic scale, which would include not only the chemical nature of an
ion or atom, but also the atomistic structure at the interface. So far, only conventional
transmission electron microscopy (TEM) studies have been performed at Pd-A120 3
interfaces formed by internal oxidation (Eastman and Riahle 1989). No quantitative
HRTEM structural studies have been conducted.

The aim of the present work is to determine, by quantitative HRTEM, the atomistic
structure of Pd-A120 3 interfaces formed at different 0 to Al activity ratios in Pd, that is
in both internally oxidized alloys and alloys that have subsequently been annealed in Al
vapour. X-ray diffraction and conventional TEM studies provide information about
the nucleation of the precipitates, their morphology and phase distribution. Structural
information is obtained by quantitative HRTEM where experimental HRTEM images
are compared with simulated HRTEM images calculated for different interface models
using the multislice method (for example, Buseck, Cowley and Eyring (1988)). The
system Pd-A120 3 is expected to be suitable for this investigation since good lattice
matching of close-packed planes in Pd and close-packed planes in the 0 sublattice of
A120 3 favours the formation of geometrically simple interfaces during internal
oxidation (Eastman and Riihle 1989). Furthermore, no reaction layers are expected to
form between Pd and A120 3 (DeBruin, Moodie and Warble 1972). Simple epitaxial
relationships and interface structures facilitate the HRTEM work and the modelling of
the interface and thus the calculation of simulated images, which are necessary for a
correct interpretation of most HRTEM images.

§ 2. ExpmuIENrAL PROCEURLS
Pd-Al alloys with 0-3, 30 and 6&0at.% Al were produced by arc melting 99.999% Pd

powder and 99.999% Al granules in argon (Eastman and Rbihle 1989) The alloy
buttons were homogenized for 20 days at 1273 K in Ar and subsequently cold rolled to
about 60 pin thickness. Recrystallization (24 h at 1273 K in Ar atmosphere) produced
foils with an average grain size of 1001pm and a distinct [110] texture. AI20 3
precipitates within the foils were produced by internal oxidation in air at ambient
pressure for 24 h at 1273 K. The as-oxidized foils are referred to as 'type I specimens' in
the following discussion. Some type I foils (40 pm thick) were subsequently annealed for
I h at 1273 K in Al vapour. These are referred to as 'type II specimens'. Details of the
annealing treatment are described by Huang et at. (1988) who provided the 'type If'
foils. The lattice parameter of Pd was determined by X-ray diffraction prior to and after
the internal oxidation.

TEM specimens were prepared by punching discs of 3 mm diameter out of the foils.
The discs were then ion milled (5-5 kK Ar' at a 170 angle until performation and
finished with 3.5-1"5 kV Ar+ at the same angle). Conventional TEM investigations
were performed on microscopes operated at 200kV (JEOL 2000 FX) and at 400kV
(JEOL 4000 FX). The atomic resolution microscope (ARM) at the National Center for
Electron Microscopy in Berkeley, U.S.A., was used for the HRTEM investigation. The
ARM, operated at 800kV, possesses a spherical aberration coefficient C, of 1.93 mm
and a focus spread of about 14 nm. Knowledge of these microscope parameters and of
experimental parameters such as the specimen thickness t and the defocus Af are
necessary prerequisites for each quantitative HRTEM study. In quantitative HRTEM
(for example, Bourret 1989) the entire experimental imaging process is simulated in a
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computer. A model electron beam (characterized by its wavelength, energy spread and
beam convergence angle) penetrates a model structure. The scattered electrons exiting
the model structure are collected by the 'simulation microscope' (characterized by the
spherical aberration coefficient C,, the defocus Af and the radius of the objective
aperture) to form the simulated image. The appearance of the simulated image depends
on the model structure and the parameters mentioned above. With the parameters of
the image formation process known, the model structure can be modified until the
simulated image matches the experimental image. The model structure which results in
the best matching is then assumed to closely represent the atomistic structure in the real
specimen.

The image simulations and the image processing were performed on a Vax Station
3200 using the software packages EMS (Stadelmann 1987) and IDL (VAX IDL,
Research Systems, Inc., Denver, Colorado). Some experimental images were digitized
using an Eikonix camera linked to the Vax Station 3200.

§ 3. RESULTS AND DISCUSSION
In this section, results are reported and discussed for four aspects of the research

separately. In §3.1 the identification and selection of A120 3 phases in the internally
oxidized Pd-Al alloy after internal oxidation are described. The phases were identified
by inspection of selected-area diffraction (SAD) patterns. We discuss briefly how the
precipitate phases and morphologies shed light on the factors controlling the
precipitation process and what information X-ray measurements provide.

In § 3.2 the identification of the phase of A120 3 precipitates suitable for the HRTEM
study of Pd-A120 3 interfaces is dealt with. Interfaces suitable for HRTEM must fulfil
two requirements. Firstly, quantitative HRTEM requires that the interface is planar
and that the crystals on either side of the interphase boundary must have a low-index
zone axis parallel to the incident electron beam in order to resolve atomic positions in
and close to the interface. A sufficient number of suitable precipitates is present in Pd-

3 at.% Al oxidized at 1273 K. Secondly, the crystal structure of both adjoining materials
must be known. Whereas Pd has a f.c.c. lattice, the structure of suitable A120 3 particles
had to be characterized by a combination of processing of the experimental images and
image simulation of hypothetical A120 3 phases. Together with the phase of the
particles a set of consistent values for the specimen thickness t and the defocus Af is
obtained in an iterative process.

The interface structure determination for an interface in a type II specimen is
described in § 3.3. Finally, section 3.4 covers a qualitative comparison between interface
characteristics of 'type I' and 'type 1I' specimens. Furthermore, the limitations of
HRTEM studies on incoherent interfaces are addressed.

3.1. Phase selection of A120 3 particles in internally oxidized Pd-Al
During internal oxidation, different A12 0 3 phas•s precipitate in the Pd matrix. a-

A1 2 0 3 particles precipitate only at the grain boundaries (GBs) in Pd-3 at.% Al alloys.
The particles possess an approximately ellipsoidal shape and their average size is of the
order of I pm. In contrast, intragranular ellipsoidal m-AI,2 3 particles were observed in
Pd-6 at.% Al alloys. The increase in the thermodynamics activity of A] in the alloy from
Pd-3 at.% Al to Pd-6 at.% Al is apparently sufficient to overcome energetic and kinetic
barriers that prevent at-Al 2O3 from nucleating in the Pd matrix in Pd-3 at.% Al. This
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Fig. 1

10n

Bright-field image of a typical microstructure inside a grain in a type I specimen (Pd-3 at.% Al,
oxidized at 1273 K for 24 h). The observation direction is Pd(1 10> and the long planar
faces of regularly shaped type A precipitates are parallel to Pd{ 1111 planes. The structure
of type A particles is generally different from that of irregular shaped type B particles.
Note that a type B particle is growing on type A particles (arrows).

suggests that at 1273 K the nucleation and growth of the thermodynamically stable
ot-A120 3 are favoured by the open structure of the GBs and a high activity of Al in the
alloy. In addition, the 0 activity may be higher in the GBs owing to preferential
transport of 0 into the foils by GB diffusion.

A characteristic distribution of intragranular oxide particles is shown in fig. 1,
where two types of precipitates can be distinguished. Irregularly shaped type B
precipitates contain stacking faults and appear to be incoherent with the matrix.
However, they possess a unique orientation relationship with the matrix. They are
frequently found to grow on the regularly shaped type A particles (see arrow in fig. 1). It
is not known which type of precipitate forms first. The structure of the type B A120 3
particles has not yet been reported in the literature. The stability of this phase must be
attributed both to the special nucleation-and-growth conditions under the constraint
of the Pd matrix and to the specific supply of its constituents, that is to the Al and 0
activities.

The majority of the regularly shaped type A particles are either twinned or multiply
twinned (fig. 2). With few exceptions (see fig. 2 (c)) the large planar faces are parallel to
Pd{ Ill } planes. The precipitates do not show one single, well developed AI 20 3 phase.
Selected-area electron diffraction shows that type A particles possess different
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Fig. 2
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* (a) HRTEM image in Pd( 1 10> projection of a typical twinned type A particle with a cubic spinel
structure. The twin boundary (TB) separates the part with the cube-on-cube orientation
relationship with the matrix (C) from the twin related part (T). (b) HRTEM image in
Pd( I110> projection showing fivefold twinning at the edge of a type A particle. (c)
HRTEM image in Pd( I I0> projection of a multiply twinned A12 0 3 particle with planar
faces parallel to PdJ2O0} planes. This orientation relationship is very rare.
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structures which are either 71- (y-). 6- or 0-AI,0 3. The structures of these types of
metastable transition AIO 3 have in common a more or less distorted fc.c. stacking of
close-packed 0 anions. The differences between these metastable compounds occurr-
ing in the so-called 'y series' of AI,0 3 (y-, il-, 6- and O-AI 20 3) arise from the Al cation
distribution in the octahedral and tetrahedral interstices of the f.c.c. 0 anion sublattice
(for details see for example, Levy, Jayaram, Valencia and Mehrabian (1988) and Wilson
and McConnell (1980)). Depending on the degree of order in the cation distribution,
different cation distributions lead to different unit-cell descriptions of the various
AI,0 3. It is generally accepted that TI-Al 20 3 has a cubic spinel structure (Shirasuka,
Yanagida. and Yamaguchi 1976), whereas y-Ai 203 has been reported as either cubic
(Lejus 1964) or tetragonal (Saalfeld and Mehrotra 1965) spinel. 5-A120 3 shows a
multiple of the spinel unit cell in one direction, leading to a tegragonal (Lippens and
DeBoer 1964) or orthorhombic (Jayaram and Levy 1989) unit cell, and O-A120 3 is
monoclinic with a structure isomorphic to f3-Ga 20 3 (Yamaguchi, Yasui and Chiu
1970). Ernst et al. (1991) recently reported a "q'-phase which is structurally similar to rI-
Ai_,0 3.

All type A precipitates have a cubic close-packed 0 ion sublattice. This suggests
that it may be energetically and/or kinetically favourable for the system to continue the
f.c.c. structure of the Pd matrix in the structure of the 0 sublattice of the intragranular
precipitates. X-ray scattering experiments on Pd-3 at.% Al foils oxidized at 1273, 1473
and 1773 K for 24 h indicate that the particles nucleate parallel to { 1111 planes of the
metal. After oxidation at 1273 and 1473 K respectively, the X-ray spectra showed minor
peak broadening and dramatically decreased heights of Pd(l 11) peaks compared with
spectra obtained from pure Pd or from Pd-AI foils oxidized at 1773 K. It seems
reasonable to assume that a bending of the (111 } planes of the metal in the vicinity of

Fig. 3

HRTEM image in Pd( 110) projection of thin Al20 3 precipitates in I 11) planes of Pd after
oxidation of a Pd-3 at.% Al alloy at 991 K for 18 h. The planar facets are parallel to
Pd({I It planes.
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the nuclei is responsible for the decrease in the peak intensities. This may indicate that
intragranular precipitates preferentially nucleate parallel to { 111 } planes of Pd and
that nuclei might still be present in the alloys after 24 h at 1273 and 1473 K, but not at
1773 K. HRTEM observation of thin precipitates (edge length, about 20 nm) in { I l
planes of Pd-3 at.% Al foils oxidized at 991 K for 18 h (fig. 3) also support the idea of the
nucleation of type A precipitates parallel to Pd{ 111 } planes. Thus, the nucleation of
thin precipitates in { 111 } planes of Pd and the growth of the particles under the
constraint of a fc.c. metal matrix seem to determine the orientation relationship
between matrix and precipitate (parallel close-packed planes) and the precipitate
structure.

Practically, only the precipitates with a cubic spinel-type structure are suitable for
this HRTEM study, since the cation distribution in &-A120 3 is unknown and since the
frequency of O-AI 20 3 particles in the specimens is too small to allow for a systematic
study. A typical cubic spinel-type particle is shown in fig. 2(a). The orientation
relationship of the twinned cubic spinel particle with the Pd matrix is
"{11},dIIll111}A1 2 0 and <ll0>pdiKl1O)AL2O, for the cube-on-cube part of the particle.
The corresponding twin relationship results from a 180' rotation of the A120 3 lattice
around <111 >AIzO,- It will be shown in the next section that the cubic spinel-type
particles were identified as q1-A120 3.

3.2. Characterization of the cubic spinel-type phase
The actual phase of the cubic spinel-type particles in Pd-A120 3 cannot be

determined from simple inspection of SAD patterns, since the SAD patterns of 7 and 7i
differ only in the intensities of weak diffraction spots. However, as Pirouz and Ernst
(1990) demonstrated recently, HRTEM images are sensitive to slight changes in the
distribution of ions in closely related phases. In this section a method will be described
which allows the extraction of reliable structural information from HRTEM images
either by simple inspection or by comparison of simulated and processed experimental
images.

Figure 4 shows the HRTEM micrograph of a Pd-spinel interface in a type II
specimen. The lattice parameter of the A12 0, particle was determined by directly
measuring crystallographically corresponding distances (e.g. the average over 50 { 111 }
plane spacings) in Pd and in the adjoining A12 0 3 . This simple method is justified as
long as no region of contrast reversal is contained in the measuring area even if
specimen thickness and defocus are not known. The lattice parameter of the alumina in
fig. 4 is 2.7% larger than twice the lattice parameter of the surrounding Pd matrix,
which was assumed to be that of pure Pd (a= 03891 nm). Thus a(spinel)=0-799
+0-04 nm.

The image in fig. 4 is part of a through-focus series of eight HRTEM images with
calibrated defocus steps of about 8 nm between subsequent images. The series includes
an image taken at minimum contrast (defocus Af= - 23 nm). This value was used as a
reference for all other images of the defocus series. The appearance of the images of the
series together with the respective defocus values obtained by this method are
consistent with simulated defocus series of Pd and the A120 3 phase. The analysis shows
that the image in fig. 4 was taken at Af= -80 nm which is close to the first inverse
contrast band of the ARM operated at 800kV.

In fig. 4 there is no contrast reversal in the Pd between the specimen edge and the
interface. A comparison of the experimental contrasts with contrasts in a calculated
thickness-defocus *map' of a wedge-shaped Pd crystal then shows that the thickness of
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Fig. 4

- ----- - - -
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HRTEM image in Pd( 110> projection of a Pd-ri-A120 3 interface in an Al annealed type II
specimen at defocus Af= - 80 nm. The marked area was chosen for further study and it is
depicted as a digitized image in fig. 5(a).

Pd at the interface is less than about 16 un if it is assumed that the thickness at the edge
of the Pd is less than about 35 nm. For Af= - 80 nm the first contrast reversal occurs at
about 16 nm thickness and the next at about 35 nm thickness. Furthermore, the
simulation shows that the bright dots correspond to atom columns of Pd in the ( 110>
direction. The best match between the experimental and simulated contrast of Pd at
different defocus values were simultaneously obtained for t = 10 + 3 nm. According to
the image simulations, the thickness of the A120 3 close to the interface is between 7 and
16 nm, and the best match between experimental and simulated contrast is again
obtained for t=10+3rn. 10nm is therefore regarded as the correct specimen
thickness at both sides of the interface in the region of interest.

In the next step the structure of the A120 3 particles was obtained from the
experimental images. Obviously, only that part of the experimental image which
reflects the periodicity of the crystalline structure is significant. For example, noise
introduced by contamination, amorphization of the material during specimen
preparation or due to electron damage in the microscope is not significant and should
be reduced by processing the experimental image. The filtering of images in reciprocal
space (Fourier filtering (for example, Krakow and Smith (1986)) is one suitable
processing method; however, it can easily destroy valuable information if not
performed carefully. In contrast, a simple method to extract periodic information from
noisy experimental images is to calculate 'average images' from suitable regions of
digitized images (for example, Smith and Eyring (1982D1.

Figure 5 shows digitized images of identical sections of the near interface region in
fig. 4 for two different defocus values. The area selected for image averaging is indicated
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Fig. 5

a
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Digitized HRTEM images of identical parts of the interface in a type II specimen shown in fig. 4for (a) Af= -48 nm and (b) Af= - 80nm. The marked area in (a) was selected for the
image averaging (see fig. A 1 (a) in the Appendix). The black bars crossing the interface in
(a) connect every tenth Pd atom column with every tenth 0 ion column in the A120 3 anddemonstrate the continuous change in the interfacial geometry along the interface. There
are no localized misfit dislocations with a line direction parallel to Pd( 110> (see also
fig. 4). The implications of this apparent incoherence are discussed in detail in § 3.3.

in fig. 5 (a). The averaging procedure is explained in detail in the Appendix. The
corresponding average image (fig. A 1 (c) and background of fig. 6 (a)) can be regarded
as an idealized experimental image for Af= -48 nm and is used to compare
experimental and simulated images for the determination of the A120 3 structure (see
fig. 6 (a)). The image in fig. 6 (b) is an average image for Af= -80 ran obtained in a
similar manner.

The spinel phase is now characterized using the improved (averaged) experimental
HRTEM images. The SAD patterns indicate a cubic spinel-type structure. Different
A12 0 3 phases of this type, namely -y-, -n- and Tl'-A120 3, have been reported, whose main
difference is the distribution of cations in the 64 tetrahedral and 32 octahedral
interstices in the cubic close-packed 0 sublattice of spinel. In normal spinel (space
group, Fd3m, No. 227 in the International Tables for Crystallography (Hahn 1987))
with stoichiometry AB 20,, only 16 octahedral (d) and 8 tetrahedral (a) sites are
occupied by cations. The 0 anions occupy 32 (e) sites, and the octahedral 16 (c) and the
tetrahedral 8 (b) and 48 (f) sites remain vacant. The symbols (a), (b), etc., denote the
Wyckoff notation used in the International Tables for Crystallography. Since A120 3 is
exactly stoichiometric there are only 211 cations to be distributed on the interstices
provided by the 32 oxygen ions of the anion sublattice of the spinel structure, and the
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Fig. 6

(a)
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(b)

(a) The background shows the enlarged average image from fig. A I1(c) in a type II specimen
for Af- -48 nm. The insets are simulated images of Pd and TI-A1 2 0 3 for t= l0 nm and
Af=~ - 48 nm. The simulated images almost merge with the experimental image,
indicating that the A12 0 3 phase is TI-AI20 3 (coM~mpr fig. 7). Since this particular contrast
of the A120.3 does not reappear at greater thicknesses. theagreement between experiment
and simulation indicates that the A1 20 3 and Pd have the same thicknesses close to the
interface, In the Pd image the black dots correspond to Pd atom columns. In the Al 2 03

image the dark contrast between the bright diagonal (400) fringes corresponds toO0 and
octahedral Al ions, whereas the bright (400) fringes indicate the location of tetrahedral
Al cations. In particular, the tetrahedral 8 (a) sites are located at the bright links in the
chains. (b) The background shows the average image of a detail from the right-hand side
of the interface in the type I11 specimen shown in fig. 5 (b) for A1f= - 80 nm. The insets are
simulated images for Pd and r-AI203 for t = 10 nm and Af= - 80 nm. The bright dots in
the Pd image correspond to Pd atom columns in a (I10) direction. In the image of the
A12 03 the bright dots incidate the location of 0 ion columns.
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Fig. 7

Simulated images for y-, il'- and TI-AI2O3 (from left to right) for thickness t= 10nm for
Af= -48 nm (upper row) and Af= -80nm (lower row). The images of ii-A120 3 are the
insets in figs. 6 (a) and (b).

resulting phases are defective spinels. In y-A120 3 the Al cations are randomly
distributed with an equal probability of 0-889 on 16 (d) and 8 (a) interstices (Wilson and
McConnell 1980). In the cubic 71'-AI20 3 phase (Ernst et al. 1990) the cations occupy 16
(d) and 16 (c) sites with an equal probability of 0-41. The occupancy of tetrahedral 8 (a)
and 48 (f) sites is 0-14. Note that in rl'-A120 3 the cations are partially located in sites not
belonging to the spinel structure. The same is true for 11-A1203, where the occupancies
are 0-563 in 16 (d), 0-269 in 16 (c), 0-500 in 8 (a) and 0-083 in 48 (f) interstices (Shirasuka
et al. 1976).

Image simulations for a range of thickness and defocus values were conducted for
all three types of A12 0 3. The following parameters were used for the image simulations
with EMS: acceleration voltage, 800kV; spherical aberration coefficient, 1-93 mm; focus
spread, 14 nm; beam semiconvergence, H8 mrad; objective aperture radius, 8 nm -.
The sampling frequency for all calculated images presented in this paper is such that the
size of each sample is less than I x 10- 2 nm in both the x and the y direction. In fig. 7 the
results for t = 10 nm and Af= -48 nm (upper row) and Af= -80 nm (lower row) are
given for y-, i'- and TI-Al20 3. A comparison with the averaged images in figs. 6(a) and
(b) clearly shows that -f-A120 3 can immediately be rejected, since the simulated images
of y-A120 3 for both defocus values contain details that are not observed experiment-
ally. The differences between the simulated images of rj and r1' are not very significant
for Af=- 80 nm. The experimentally observed chain-like bright contrast between
every second pair of diagonal (400) fringes (see fig A I (aHc)), however, is only present
in the simulated image of TI-Ai20 3 for Af= -48 nm. This bright contrast is attributed
to the high occupancy of tetrahedral 8 (a) interstices which belong to the spinel
structure. Therefore we conclude that the cubic spinel phase is rI-AI20 3.
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In addition. particles are observed which generate a HRTEM contrast close to that
of 74'-AIO 3.This observation requires a comment on the stability of the cubic spinel
alumina particles under electron irradiation at 800kV. HRTEM images were taken
from the same particle at constant defocus but after different electron irradiation times
I10 min between subsequent exposures). A dramatic change in contrast of the A120 3 is
observed. This observation might indicate that electron irradiation at 800 kV induces a
redistribution of Al cations in the metastable A120 3 compounds. Intuitively a
redistribution of cations will lead to more disordered structures such as q'-AlO 3.
Moreover. simulations for a rn-AI2O3 particle 10nm thick revealed that a contrast
similar to that of rn'-AlO 3 can be produced if the n-AIO 3 particle is rotated by about
0.5' around a <100) axis so that the incident electron beam is inclined by about 0-5-
with respect to the <110> zone axis. Therefore the characteristic contrast of T-A120 3
can only be observed after very short exposure times in particles with a <110) zone axis
exactly parallel to the electron beam. Practically these conditions cannot always be
fulfilled. Consequently, it is assumed for the present study that particles with a HRTEM
contrast close to that of n'-AI20 3 were ri-A120 3 particles prior to electron irradiation.

3.3. Structure of the Pd-A1203 interface in a type 11 specimen
As shown before, there exists a fixed orientation relationship between Pd and ii-

A1203: however, the Pd-v-AI 20 3 interface is incoherent. Firstly, this can be concluded
from the absence of localized misfit dislocations (Eastman and Rruhle 1989). An
equivalent formulation would be that the misfit dislocations are delocalized. In
addition, the inspection of HRTEM images shows almost no distortion in the metal
near the interface and an atomic registry which is a linear function of the position at the
interface (one example is shown in fig. 5 (a)). Both features are typical of incoherent
(incommensurate) interfaces (Gibson 1987). The incoherent nature of the interface
makes image simulations difficult. Idealizing assumptions have to be made in the
construction of the interface models for the image simulations. This may limit the
validity of the present ie'ulhs. However, our simulations were performed for a large
number of interface models, including models with grooves along the interface, with
steps in the interface perpendicular to the electron beam and with various atomic
distributions in the vicinity of the interface. Most models could immediately be rejected
owing to obvious discrepancies between simulated and experimental images. It is
therefore assumed that the real structure of the interface is closely approximated by the
models discussed in the next section, where we use the interface in a type i1 specimen
shown in figs. 4 and 5 for a detailed description of our image simulations.

Once the correspondence between the experimental contrast and the atomic
positions in Pd and i1-AI20 3 is established (see figs. 6 (a) and (b)), the relative positions
of the Pd and A1203, that is the translation state of the adjoining lattices, can easily be
determined. We first compare the experimentally observed geometries with idealized
interface geometries using fig. 8 as an illustration. Different lattice planes parallel to the
interface are numbered. In an idealized interface the f.c.c. lattice of Pd and the f.c.c. 0
ion sublattice of rI-A120 3 would directly interpenetrate across the interface and the
distance between the outermost Pd( 11) plane (plane 2) and the outermost 0(111) plane
of TI-A12O3 (plane 3) across the interface would be equal to the distance between
Pd{ ll1) planes (i.e. d,, 1 =&0224nm). This idealized configuration (coherent case) is
depicted in fig. 8(a). The coherent case was not observed experimentally. Close
inspection of the left-hand part of the interface in fig. 5 shows instead that there is an
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Fig. 8
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Three models of the Pd-ri-Al20 3 interface in Pd< 110> projection. The { 111) planes close to the
interface are numbered. (a) Coherent interface with the A120 3 terminated by 0 ions
(large spheres in plane 3) The small black spheres are Al cations in octahedral interstices;
the small bright spheres correspond to Al ions in tetrahedral interstices. (b) Geometri-
cally correct model for the left-hand side of the interface in fig. 5 with a distance 1.3d...
between planes 2 and 3. The outermost 0 ions in plane 3 are replaced by Pd atoms. This
is the basic model for the simulations depicted in fig. 9. (c) Geometrically correct model of
the right-hand side of the interface in fig. 5. Corresponding 0 ions in (a), (b) and (c) are
marked black to indicate the relative translations parallel and perpendicular to the
interface.

additional 'gap' of 0-3d... between the Pd and A120 3 lattices perpendicular to the
interface. This geometry is depicted in fig. 8 (b). On the right-hand part this 'gap' is not
present but owing to the lattice parameter mismatch between metal and ceramic the
A120 3 lattice is now shifted parallel to the interface when compared with the situation
on the left-hand side (fig. 8 (c)). Replacing the 0 ions in plane 3 by Pd atoms leaves the
outermost Pd plane close to the octahedral and tetrahedral Al ions between planes 3
and 4, as shown in fig. 8 (b). This replacement of 0 ions in plane 3 by Pd atoms is the
basic difference in the models for Pd-TI-Al 2O3 interfaces with O-terminated and Al-
terminated A120 3. So far. the actual occupancies of atomic and ionic sites in the
interfacial region have not yet been considered.

The models in fig. 8 represent the < I 10> projections of the "supercells' used for the
multislice calculations with EMS. The small lattice mismatch between Pd and -n-A120 3
is compensated in the models by compressing the A120 3 unit cell by 2.7%. Then the
required width of the model parallel to the interface (in the y direction) becomes rather
small (&'953 nm). The interface is obtained by repetition of the supercell in the y
direction. The correct distribution of Al ions in the < I 10> direction of the spinel (i.e. the
z direction in the models) requires the construction of four different types of slice, each
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with dimensions x=4.0403nm, y=0-9530nm and z=0-1376nm. The multislice
iteration with the slice sequence A, B, C, D, A, B, ... was then repeated until the desired
specimen thickness was reached.

The results of the simulations are now compared with the experimental images of
the left-hand part of the interface in fig. 5. The translation state in this region of the
interface is represented by the model in fig. 8(b) which stays fixed for all simulated
images discussed below. The models for which the images in fig. 9 were calculated differ
only in the occupancies of the atomic sites near the interface. The occupancies are
varied until the optimum match between the simulated and the experimental image is
reached for two different defocus values. In figs. 9 (a)-(d) the simulated images are
shown next to the respective portions of the experimental image in fig. 9 (e). The
characteristic features of the experimental images are

(1) the bright, almost continuous contrast on the Pd side of plane 3 at Af=
-80nm,

(2) the slightly smeared row of bright dots (corresponding to Pd atom columns) in
plane 2 at Af= -80 nm.

(3) the dark single dots on the A120 3 side of plane 3 at Af= -80nm,
(4) the bright contrast on the Pd and A120 3 sides of plane 2 at Af= -48 nm and
(5) the slight truncation of the diagonal dark oval contrast between planes 3 and 4

at Af= - 48 nm.

These features must be present in simulated images for both defocus values in order to
show that a chosen model is consistent with the actual interfacial structure.

Figure 9 (a) shows the results for the 0-terminated ri-A120 3. At Af= - 48 nm the in-
A120 3 periodicity in the y direction (similarity of contrast between every second pair of
{400} fringes) is maintained up to the terminating 0 layer. The gap between planes 2
and 3 appears as a bright band between the Pd and the A12 0 3 . At Af= - 80 nm the gap
creates bright contrast between planes 2 and 3, and the 0 ion columns are represented
by bright dots in plane 3. Neither the -1-A120 3 periodicity nor the distinct bright dots
are observed experimentally at these locations. Therefore an 0 termination of the
Al 20 3 particle is dismissed.

The results for different interfaces with Al-terminated A12 0 3 are given in figs. 9 (b)-
(d). Although the origin and the physical meaning of the 'gap' in the Pd close to the
interface is not understood, the A120 3 side of the model for the simulations shown in
fig. 9 (b) is physically meaningful since it is expected that the Al ions adjacent to (noble)
Pd atoms are in an ionization state different from that of Al ions in the A120 3 .Therefore
they are probably 'larger' and thus more likely to occupy the larger octahedral sites. Al
atoms are also assumed to occupy some of the Pd lattice sites in plane 3 owing to Al
segregation to the interface. The lowered Pd occupancies in planes 3 and 2 account for
this replacement of relatively heavy Pd atoms by Al atoms with a smaller scattering
power. The models in figs. 9 (b) and (c) differ only in the Pd occupancy in plane 2 which
is 0-700 in fig. 9(b) and 0-600 in fig. 9(c).

The change from 0 to Al termination effects the simulated images in a characteristic
way.

For Af= -48 nm, the even distribution of Al ions in all octahedral sites between
planes 3 and 4 destroys the periodicity in the y direction typical of -i-AI2 0 3 and the
contrast between each pair of {400} fringes looks alike. Furthermore, the length of the
diagonal black ovals between planes 3 and 4 is reduced on the Pd side when compared
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Comparison of experimental and simulated HRTEM images of an interface in an Al annealed
type 11 specimen for Af= - 48 nm (upper row) and Af= - 80nm (lower row). (aHd)
Simulated images for different interfacial compositions. (e) Detail of the experimental
image (see the left-hand side of fig. 5). (a) 0-terminated TI-Al 2O3. (b) Al-terminated
A1203. The 0 ions in plane 3 are replaced by Pd atoms which now sit next to the
interstitial A] ions between planes 3 and 4(compare model in fig. 8(b)). The Pd occupancy
in plane 3 is 0,600. Between plane 3 (Pd) and plane 4 (0), only the octahedral interstices
are occupied with Al ions with a 40%/ probability. The Pd occupancy in plane 2 is &-700.
Wc Al-terminated A1203 like (b). The Pd occupancy in plane 2 is reduced to 0-600. (d) Al-
terminated A1 20 3 like (b). The tetrahedral sites between plane 4 and the occupied
octahedral sites half-way between planes 3 and 4 are occupied with 0-200 probability.
and the likelihood for lattice sites in the adjacent plane 4 to be occupied with 0 ions is
0-900. The Pd occupancy in plane 3 is set to 0-650. The Al-terminated models in (b) and Wc
give the closest resemblance to the experimentally observed contrasts in Je)k models (a)
(0-termination) and Wd are dismissed.
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with the image in fig. 9 (a). Both features are observed experimentally (see figs. 5 (a) and
6 (a)). On the Pd side the decreasing site occupancy in plane 2 from 0.700 to 0,600 causes
the distinct black contrast in plane 2 to disappear, so that fig. 9(c) matches perfectly
with the experimental image.

For Af= - 80 nm, the almost continuous bright contrast in plane 3 and the smeared
bright dots in plane 2 are closely reproduced in the simulated images of the model in fig.
9 (b). The further reduction in scattering power in plane 2 between the models in figs.
9(b) and (c), however, produces a wide bright band parallel to the interface in the
simulated image in fig. 9 (c). This is not observed experimentally. On the A120 3 side of
the interface the experimentally observed row of dark contrasts between planes 3 and 4
is approximately reproduced by the simulations. The models in figs. 9 (b) and (c) for the
Al-terminated A120 3 described above are therefore believed to describe well the
structure of the A120 3 close to the interface. As expected, the ii-A120 3 precipitates in
the type II specimen are bounded by Al ions and Al seems to segregate in the two near-
interface { 1I } planes of Pd. The latter conclusion, however, is not unambiguous since
it is not clear what the structure of the Pd is in the vicinity of the Ai 20 3.

In fig. 9 (d) the effects of small changes in the models are demonstrated in order to
prove the sensitivity of image simulations. The occupation of tetrahedral interstices
close to plane 4 with Al ions and the reduction of the 0 occupancy from I to 0-900 in
plane 4 darkens the contrast in this region for Af= -48 nm. This is not observed
experimentally and it indicates that the changes in the A120 3 structure are restricted to
the two outermost { 11) } planes next to the interface. For Af= - 80 nm the intensity of
the bright dots representing 0 ion columns in plane 4 is slightly decreased. With
reference to fig. 6 (b) it can be seen that this is not apparent in the experimental image.
The increased occupancy for Pd sites in plane 3 darkens the location of the respective
atom columns for Af= - 48 nm, and more distinct white dots develop for Af= - 80 nm.
This example demonstrates that local changes in a model affect the HRTEM image
only locally which reflects the 'projection character' of HRTEM microscopy. It also
demonstrates that the changes in the structure of the A120 3 are restricted to the
outermost region between the 0 ions in plane 4 and the interface.

The aperiodic character of the Pd-r1 -AI20 3 interface makes image simulations with
reasonably sized structure models difficult and a perfect match between experimental
and simulated images cannot be reached. This is especially true for the Pd image close
to the interface, since it can be expected that most of the accommodation between metal
and ceramic takes place in the (elastically soft) metal. It appears that there are no
preferred atom-to-atom positions at the interfaces of the particles. This can be
rationalized by considering the bond strength between Pd and the atoms at the ceramic
side of the interface. No stable Pd oxide exists above about 1143 K (Raub and Plate
1957). This supports our intuition of a weak bond between the noble Pd and 0 at the
temperatures used for the oxidation. The (presumably) weak Pd-O bonds at the
interface allow for small changes of relative positions of Pd atoms and 0 ions without a
dramatic increase in interfacial energy. Therefore it is energetically favourable for the
system to form an interface with a variety of relative positions for Pd atoms and 0 ions.
This is consistent with the apparent absence of misfit dislocations in the Pd-T)-AI20 3
interfaces. Interestingly, Anderson, Ravimohan and Mehandru (1987) also do not find
.strong support for the pre-eminence of the importance of lattice matching' from their
structure calculations of Pt--m-A120 3 interfaces where Pt bonds weakly to the 0 at the
interface. In constrast, in systems with strong metal-O bonds, such as Nb-A120 3
(Mader and Necker 1990, Meyer, Flynn and Riihle 1990), small changes in relative
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positions of metal and 0 away from the arrangement with the lowest free energy will
lead to a high-energy configuration. Therefore this system prefers to form large
approximately coherent interfacial areas, and the mismatch is accommodated by misfit
dislocations at the interface (Mayer et al. 1990) or at a small stand-off distance away
from the interface (Mader 1987).

The above reasoning is based on the assumption of a weak Pd-O bond and might
therefore hold for Pd-A120 3 interfaces formed under 0 excess during the initial
oxidation process. Pd and 0 atoms are then expected to be in contact at the interfaces.
The bonding situation at the interfaces is more complex after the annealing under Al
excess. The simulations show that then Pd and Al are close neighbours at the interface,
and one has to take into consideration that Pd forms strong bonds with Al. Strong Pd-
Al bonds can be expected from the large heat of solution of Al in Pd (Klomp 1987) and
from the fact that there exist several intermetallic phases in the Pd-Al system
(Massalski, Murray, Bennett and Baker 1986). Fischmeister (1987) used the high
affinity between Al and Pd to rationalize the unexpectedly strong bonds that form
between Pd (and Pt) and A120 3 (McLean and Hondros 1971, Klomp 1972). The basic
argument is that 0 ions in the alumina form bonds with Al atoms bound in the noble
metal close to the interface. The strength of the Pd-Al bond might imply that our purely
geometric approach, used to construct the Pd side of the model interfaces for the
simulations, is too simple. Owing to the formation of strong Pd-AI bonds the positions
of Pd and Al atoms in planes 2 and 3 might deviate from the Pd positions in pure Pd.
The existence of the 'gap' on the Pd side of the model in fig. 9 (b) may therefore be
attributed to strong Pd-Al bonds between the terminating Pd plane and the adjacent
interstitial Al ions. The simulation models used so far do not include geometric
rearrangements of atoms at the interface. More realistic (and consequently larger)
models should account for atomic rearrangements. The nature of possible relaxations

.ght be elucidated by structure calculations of Pd-rI-Al 20 3 interfaces.

3.4. Comparison between interfaces in type I and type HI specimens
The structures on the Pd side of the interfaces deviate from the idealized structures

assumed in the simulations. Relative shifts between the lattices of Pd and A120 3
parallel and perpendicular to the interfaces have been observed in type I and type 11
specimens. It has not been possible to obtain a through-focus series of HRTEM images
from a Pd-riAI2O 3 interface in a type I specimen with an interface geometry and
thickness directly comparable with the interface described in § 3.3. Therefore we restrict
ourselves to a qualitative comparison between HRTEM images of Pd-)-Ai2O 3
interfaces in type I and type II specimens and concentrate on the contrast in the Al 20 3
close to the interface.

The image of the Pd-rq-A120 3 interface in a type II specimen is shown in fig. 10
together with a representative HRTEM image of a Pd-rj-A120 3 interface in a type I
specimen. For the type I interface (fig. 10(b)) the length of the diagonal black ovals near
the interface (arrows) equals the length of the ovals in the A120 3 away from the
interface, and neighbouring black ovals look alike (no ri periodicity parallel to the
interface). In the type II specimen (fig. 10 (a)) there is also no in periodicity parallel to the
interface, but the ovals appear to be shortened adjacent to the interface. These
differences are presumably due to differences in the near-interface compositions of the
A120 3, as can be seen from the simulated images (fig. 11). Figure 11 (a) shows the 0-
terminated A120 3, if the cation distribution of 11-A11O 3 is maintained up to the
terminating 0 ions in plane 3. The T1 periodicity parallel to the interface is maintained
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Fig. 10

Comparison between the near-interface contrast in (a) an Al annealed type II specimen and (b) an
as-oxidized type I specimen. The interfaces have approximately the same thicknesses and
the HRTEM images were taken at about the Scherer focus of the ARM. Note the
differences in the lengths of the diagonal oval contrasts close to the interfaces (arrows).
Compare these with the corresponding features in the simulated images in fig. 11.

IIp to the outermost 0 layer, which is not found experimentally. The periodicit)
d.. appears if Al ions are evenly distributed in all octahedral sites between planes 3 and
4. In the model corresponding to the simulated image in fig. 11 (b) these sites have an
occupancy of 0-600. This value is approximately consistent with the A1103 bulk
stoichiometry. The even distribution of Al ions in octahedral sites between planes 3 and
4 destroys the Yj periodicity parallel to the interface and produces the experimentally
observed contrast. The experimental images of interfaces in type I specimens are
therefore consistent with an A120 3 in which firstly the A120 3 is terminated by 0 ions,
and secondly the Al cation distribution close to the terminating 0 layer is not equal to
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Fig. 11
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Simulated images of (a), (b) two different 0-terminated A120 3 compounds and (c) the Al-

terminated AI 20 3 which is also shown in fig. 9 (b). All simulations are for 4[-- -48 nm
and t=- l0nm. (a) 0-terminated 11-Al203. (/t) 0-terminated q-Ai 20 3 where only the
octahedral interstices between the close-packed 0 ion planes 3 and 4 are occupied with
Al ions with occupancy 0-600. The even distribution of Al ions in octahedral sites
between planes 3 and 4 destroys the i"1 periodicity parallel to the interface. This contrast is
typical of that observed in type ! specimens. (c) Al-terminated ii-AI 20 3 . This contrast
with the truncated dark ovals was observed in type II specimens.

the cation distribution in the A120 3 away from the interface. The contrast of the Al-
terminated Ai 2 0 3 with the shortened black ovals is given in fig. 11 (c) for a direct
comparison. This contrast is not observed in type i specimens.

The comparison of type 1 (0) and type II (Al) specimens leads to the following
conclusions. After oxidation the ceramic particles are terminated by 0 ions, as has been
found for alumina precipitates in Cu (Ernst et al. 1991) and for CdO particles in Ag
(Necker and Mader 19881. The cation distribution between the two close-packed 0
planes closest to the interface differs from that of bulk rj-A120 3 . This suggests that
interactions between Pd and Al at the interface are possible even if Pd and Al atoms are
separated by a close-packed 0 layer. This interaction might be a direct long-range
interaction between Pd and Al, analogous to chat which emerged from theoretical
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calculations on -1-AI,O 3-Pt interfaces iAnderson et al. 1987). The interaction can also
be thought of as an oxidation of Pd, which in turn alters the bonding between 0 ions in
the outermost layer and adjacent Al ions. The characteristic contrast differences at the
interfaces in type I and type II specimens suggest that the annealing in Al vapour
actually modifies the composition of the interfaces in internally oxidized Pd-Al. This is
consistent with the conclusions of Huang et al. (1988).

§4. SUMMARY AND CONCLUSIONS

(1) During internal oxidation the nucleation and growth of the thermodynami-
cally stable z-AliO 3 is favoured at grain boundaries owing to their open
structure and high Al and 0 activities in these two-dimensional defects. The
unknown structure of the incoherent intragranular type B particles is assumed
to be caused by the specific nucleation-and-growth conditions within the
matrix of the Pd-Al alloy during internal oxidation. All intragranular type A
particles in Pd-3 at.% Al alloys internally oxidized at 1273 K have a cubic close
packing of 0 anions. Generally, close-packed planes of the ceramic are parallel
to close-packed planes in Pd. It is concluded that type A particles nucleate
parallel to {1 1} planes of Pd and that the nucleation and growth of
precipitates with a f.c.c. anion sublattice is favoured within the f.c.c. Pd matrix.
From a comparison of simulated and processed experimental images the cubic
spinel-type phase was identified as rI-AI20 3.

(2) The changes in the structure of 7I-A120 3 due to annealing in air and Al
respectively are restricted to the two outermost { 111 } planes of the alumina in
both cases. A subtle difference can be identified between HRTEM images of the
Pd-TI-A12 0 3 interfaces in as-oxidized (type I) and Al annealed (type II)
samples.

(3) The experimental contrast of the Pd-TI-A120 3 interface in an Al annealed (type
1I) specimen has been analysed in detail. It is similar to the calculated contrast
of a model structure in which the A120 3 is terminated by Al ions located in
octahedral interstices between a close-packed plane in the metal and a close-
packed 0 ion plane in the A120 3 and where Al is segregated in the metal close
to the interface. The experimental contrast of Pd-r-Al20 3 interfaces in
oxidized (type I) samples are qualitatively consistent with the expected 0
termination of the alumina. Our results therefore support the interpretation of
the H-trapping experiments by Huang et al. (1988).

(4) Pd-ri-AI,0 3 interfaces are difficult to study using HRTEM because of the
instability of ri-A120 3 under electron irradiation at 800kV, which limits the
observation time to a few minutes. In addition, relaxations at the interface and
the incoherent nature of the phase boundary require idealizing assumptions to
be made in the interface modelling. Therefore a quantitative unambiguous
determination of the interface structure has not yet been possible.
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APPENDIX

Computerized image averaging
Image details with a size of 13 nm x 13 nm were digitized from the micrograph

negatives and stored into arrays of 512 x 512 image points (pixels). The grey values of
the pixels vary between 0 and 255. The images (cf. fig. 5) were digitized with this

Fig. A 1

Xx-

The effect of computerized image averaging. The images in Wb). (c) and (d) are averaged images of
the unprocessed image area in (a) which is a detail of fig. 5 (a). See text for details of the

.eraging procedure.
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resolution, and the boxed detail from fig. 5(a) (see fig. A 1 (a)) is used for the
demonstration. The selected area is sufficiently small that a constant thickness and
defocus can be assumed for the entire area. In addition, the effect of the lattice mismatch
between the Pd and the A120 3 is negligible on this small scale, so that the averaging of
the contrast in the Pd and the A120 3 can be performed in one procedure.

The selected area contains 12 Pd atom columns in a Pd{ 11 } plane parallel to the
interface (in the y direction). The image is divided into ny subimages with identical
width in the y direction and the intensities (grey values) of corresponding locations in
the subimages are added and finally normalized. The averaged image then contains ny
times the normalized sum of intensities patched together in y direction. Figures A 1 (b),
(c) and (d) show the average images for ny = 2, 3 and 4 respectively. It can be seen that
for ny = 2 and ny = 3 the average image reproduces the periodic information contained
in fig. A 1 (a) for Pd as well as for the A120 3, and that the quality of the image is
improving with increasing ny. In fig. A 1 (d) the Pd image is further improved, but there
is a loss of information for the A120 3. Thus ny = 4 is obviously not compatible with the
periodicity of the A120 3 image parallel to the interface. In fact, the characteristic feature
of the image, namely the chain-like contrast between every second pair of diagonal
{400} fringes is repeated six times in the y direction in fig. A 1 (a), and 4 is not an integer
divisor of 6. Consequently, the subimages obtained for ny = 2 and ny = 3 are two-
dimensional 'unit cells' in the y direction of the image in fig. A 1 (a), and the subimage
obtained for ny =4 is not. It must be emphasized that these arguments do not apply for
the interfacial region, for which the periodicity can be quite different from that of Pd or
A120 3. Note that fig. A I (a) shows dark contrast details in the interfacial region which
are completely lost in fig. A 1 (d).
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HREM STUDIES OF Pd/A],O3 INTERFACES

Thomas Muschik and Manfred RUhle

HREM studies were performed at Pd/AI,0 3 inter- References
faces formed after internal oxidation' of Pd-Al I. N. Mader, ,'at. Fes. Soc. 2ymv. Proc. 82:
alloys (3 at.%) at ambient pressure for 24 h at 403, 1987.
1273 K. Oxidized foils (Type I) were studied, 2. X. Y. Huang et al., Scrirra Met. 22:
as well as some specimens which were subse- 2. 1.
quently annealed for 1 h at 1273 K in Al vapor 109, 1988.
(Type II). The atomistic structure was evalu-
ated by HREM studies, at the ARM in Berkeley
(800 kV, Cs = 1.3 mm, Af , 14 nm).

Fesu~.s

A typical example of an A1203 precipitate in
Pd matrix is shown in Fig. 1. Diffraction
studies show that close-packed planes of the
ceramic are parallel to close-packed planes in
the Pd. Quantitative HREM revealed that the
precipitate %onsists of n-A1 20 3 , which posses-
ses a cubic spinel structure and whose parti-
cles are quite frequently twinned. The perfect
lattices of the simulated and experimentally
obtained image agree quite well (Fig. 2). The
translation stage between the Pd and n-A1203
can be determined from Fig. 2.

Annealing in air and Al, respectively, re-
sulted in a change of the structure of n-Al203
in regions up to the two outermost [111] planes
of the alumina in both cases. A subtle differ-
ence can be identified between HRTEM images of
the Pd/n-A1 20 3 interfaces in as-oxidized (Type
I) and Al annealed (Type II) samples (Fig. 3).

interoreration and Conclusion

The experimental contrast of the Pd/n-A1 20 3
interface in an Al annealed (Type II) specimen
has been analyzed in detail. It is similar to
the calculated contrast of a model structure in
which the n-A1 20 3 is terminated by Al ions lo-
cated at octahedral interstices between a
close-packed plane in the metal, and a close-
packed oxygen ion plane in the alumina, and
where Al is segregated in the metal close to the
interface. The experimental contrast of
Pd/n-A1 20 3 interfaces in oxidized (Type I)
samples are qualitatively consistent with the
expected oxygen termination of the alumina. The
results therefore support the interpretation of
the hydrogen trapping experiments. 2

The authors are at the Max-Planck-Institut
fur Metallforschung, Seestrasse 92, D-7000
Stuttgart 1, Germany (formerly at the Materials
Department, University of California, Santa
Barbara, CA 93106). This work was supported by
the Office of Naval Research under contract
N00014-89-J-1764 and by the Volkswagen Stiftung
under contract 1/62802. The authors acknowl-
edge the use of the ARM at the NCEM in Berkeley,
Calif.
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FIG. l.--HRTEM image of typical twinned n-A12O3 particle in Pd (110 projection). The twinned
boundary (TB) separates parts with cube on cube orientation relationship with matrix (C) from
twinned relation parts (T).
FIG. 2.--Comparison between experimental and computer-simulated images. Excellent fit is ob-
tained in both parts, n-A120 3 and Pd.
FIG. 3.--Comparison between near interface contrast in (a) aluminum annealed type II specimen,
(b) as-oxidized type I specimen. The crystals have approximately the sante thickness; HRTEMI
images were taken at about the Scherzer focus of the ARNl.
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The Role of Oxygen for the Spinel Interphase Formation at
Diffusion-Bonded Ni/AI20 3 Interfaces')
Kevin P. Trumble* ** and Manfred Ruihle*

(*Max-Ranck-institut fur Metallforschung, Institut fWr Werkstoffwissenschaft, Seestr. 92, D-7000 Stuttgart 10, and
"**Materials Department, University of California at Santa Barbara, Santa Barbara, CA, USA)

Dedicated to Professor Dr. rer. nat. Dr.-Ing. E.h. Hans-Juirgen Engell on the occasion of his 65th birthday

Sapphire single crystals were diffusion bonded to Ni polycrystalline foils which contained controlled amounts of dis-
solved oxygen. The experimental observations suggest that a threshold oxygen activity is required for the formation of a
spinel interphase layer at the Ni/A120 3 interface. Thermodynamic calculations confirm that the threshold oxygen level
necessary to stabilize the spinel increases from 0.006 at.% (60 at.ppm) at 1273 K to 0.025 at% (250 at.ppm) at 1663 K
Further analysis indicated that the spinel exhibits a maximum thickness determined by the difference between initial
and threshold oxygen concentrations and the Ni foil thickness. Considering the solubility limit of oxygen in solid Ni, the
spinel thickness is limited to - 0.005 times the Ni foil thickness.

Der EinfluB des Saueratoffes auf die Spinelleaktlenschichtbildung an diffusiIsverschwellten NI/A120 3
Grenzfihan

Saphireinkristalle wurden mit polykristallinen Nickelfolien verschwei8t, in denen eine wohldefinierte Menge von Sauer-
stoff gelost war. Die experimentellen Beobachtungen legen nahe, daB ein Schwellwert der Sauerstoffaktivit~t zurAusbil-
dung einer Spinellreaktionschicht (NiAI20 4) an der Ni/AI20 3 Grenzfliiche erforderlich ist. Thermodynamische Berech-
nungen bestatigen die experimentellen Befunde. Der zur Stabilisierung der Spinellschicht erforderliche Wert der
Sauerstoffaktivitdt steigt von 0,006 At.-% (60 At.ppm) bei 1273 K auf 0,025 At.-% (250 At.ppm) bei 1663 K an. Eine weiter-
gehende Analyse zeigt, daB die maximale Dicke der Spinellschicht aus der Differenz zwischen der Ausgangs- und
Schwellwertkonzentration des Sauerstoffs und aus der Dicke der Nickelfolie bestimmbar ist. Aufgrund der L~slichkeits-
grenze des Sauerstoffes in Nickel ist die Spinelldicke auf das 0,005fache der Nickelfllmdicke begrenzt.

1 Introduction occurs at the Ni/Ai20 3 interface is not well understood.
Previous investigators?)8)9) have proposed that the reac-

Physical interactions on an atomic scale give rise to atomic tion must proceed through a NiO intermediate; that is, the
bonding between many metals and ceramics and provide Ni is somehow first oxidized to NiO which then reacts with
the basic for an understanding of the fundamental quan- the Al20 3 in the well known spinel formation reaction
tity, the work of adhesion. The atomic bonding and struc- between NiO and A120 3. There is some experimental evi-
ture at metal/ceramic interfaces has been extensively dence'o) to 12), suggesting oxygen may play a role in spinal
studied since the 1960's'). Recently, fracture mechanics formation at the Ni/AJ20 3 interface but an oxygen activity
considerations have led to the appreciation of additional dependence of spinel formation has not been clearly
contributions to interface fracture resistance for metal established or expressed in quantitative terms.
plasticity 2 ) and interface roughness 3). However, metal/
ceramic interfaces are generally formed by high temper- The effect is spinal interphase formation on the ma chan-
ature processes and are often exposed to high tempera- ical integrity of the Ni/AI2Os interface is also not well
tures in service. At high temperatures chemical reactivity understood, as evinced by contradictory accounts in the
becomes an important issue. Chemical processes at literature. Some investigatorsn)8) 9 ) claim spinal formation
metal/ceramic interfaces typically occur on a scale of represents a sort of "reaction bsndingd leading to strong
micrometers or larger and include impurity segregation, interfaces, whereas otherse),) consider it to have a severe
interdiffusion, solutionization and reprecipitation, and the weakening effect. In either case, an understanding of the
formation of intermediate phases (interphases). The processing conditions and reaction mechanism leading to
resulting changes in interface microstructure and micro- spinal formation is key to optimizing interface fracture
chemistry often have dramatic effects on interface frac- resistance.
ture resistance and are thus the ultimate consideration The present study focuses on spinel formation at the Nil
limiting the application of many metal/ceramic systems. A120 3 interface, and in particular the role of oxygen,
Interphase formation represents perhaps the extreme through a combined approach of controlled oxygen diffu-
case of metal/ceramic reactivity. This study explores inter- sion bonding experiments and equilibrium thermodynamic
phase formation at the Ni/AI 203 interface, calculations.

Nickel aluminate spinel (Ni/A120 4) interphase or reaction
layers have been found to form at the interface between
solid Ni and a-A120 3 in numerous diffusion bonding
studies4) to 7). Although phenomenologically established, 2 Expemriental Procedures and Observatlons
the underlying reaction process by which spinel formation 2.1 High Vacuum Ni/A1203 Diffusion Bonding

1) Presented at the "Hauptversammlung 1990 der Deutschen In an earlier study,3), polycrystalline Ni (99.94 %) sheet
GeselIschaft fOr Materialkunde" in Osnabruck. 1.5 mm thick was diffusion bonded to a-Al20 3 single crys-
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tals (basal plane I bond plane) in a high vacuum of - 1 x 2.3 Controlled-Oxygen Ni/AI20 3 Diffusion Bonding grc10-3 Pa (10-8 atm) at 1663 K (1390 °C) for 2 h with 4 MPa
cpso Th bondin appaat1663K(1390 foratu cosisted of a To elucidate the role of oxygen in spinel formation at Ni/a mmcom pressio n. The bonding apparatus co nsisted of a A 20 in e f c s a s co d if u on b d ng xp r m t V c
vacuum chamber fitted with loading rams and an induc- waso3 interfaces, a second diffusion bnding expenment ic
tively heated molybdenum susceptor. Cross sections of was conducted. High aunty Ni (99.97 %) sheet 1 mm thicka
the resulting interfaces were prepared for transmission was cut to 15 x 15mm for bonding to 1 mm thick x 20 mm co

em sawing, diameter a-A120 3 single-crystal disks (basal plane I bond chelectron microscopy (TEM) by low speed diamond plnopiaauaiypoihoibtnacs.Pgoobod a
mechanical grinding and dimpling, and ion milling. TEM plane. optical quality polish on both faces). Prior to bond- rat
revealed a continguous 1 pm thick interphase layer of ing, half the Ni plates were hydrogen degassed to remove fac
nickel aluminate spinel between the Ni and a-A120 3 (Fig. 1). essentially all dissolved oxygen, while the others were sp
The microstructural details of the spinet interphase were saturated with oxygen (0.07 ±0.04 at.%14)) by pack anneal- l
reported previously' 3). ing in NiO powder under flowing high purity argon. Bo&l ce

pretreatments were conducted at 1373 K (1100 0C) for 24 h. ra(
after which the plates were diamond polished and cleaned ec

2.2 Very High Vacuum Annealing with acetone. Sandwiches of oxygen-free Ni/a- A]20 3/ (S
oxygen-containing Ni were positioned between sintered exWhen diffusion-bonded specimens containing the spinel alumina blocks and diffusion bonded in the same appara- th,

interphase layer were annealed in a very high vacuum of tus and under the same conditions as the first experiment SE
- 1 x 10-5 Pa (10-10 atm), also at 1663 K for 2 h, the spinel (Section 2.1): -1 X 10- 3 Pa, 1663 K, 2 h, and 4 MPa (20 K/min
layer disappeared (fig. 2). This result indicated the stability cooling rate). It should be noted that the oxygen-contain- Fr
of the spinel depends critically upon the oxygen activity, ing Ni was not saturated with oxygen at the bonding tem- as
but raised the question of whether the source of the perature, as the solubility limit of oxygen in solid Ni pr
oxygen for spinel formation during high vacuum diffusion increases from 0.07 at.% at 1373 K to - 0.15 at-% at ar
bonding was the higher oxygen partial pressure within the 1663 K14). in
bonding apparatus or oxygen initially dissolved in the Ni.

The edges of the Ni plates appeared bright (unoxidized) ar
after bonding. The bonded specimens were sectioned per- 0)

%Z pendicular to the interfaces and mechanically polished. Tj
Chemical etching revealed a smaller grain size in the oxy- s;

igen-containing Ni than in the oxygen-free Ni (Fig. 3). The Ni 1
plates experienced identical thermal histories during both
pretreatment and bonding. The smaller grain size of the 1
oxygen-containing Ni is thus most likely due to the grain 0)

3A
fo

Fig. 1. Bright-field TEM image showing 1 pm thick nickel alumi- S11
nate spinel interphase layer between Ni and a-A1203 after high 203
vacuum (- 1 x 10-3 Pa) diffusion bonding (see J. A Wasynczuk atand M. R~hle'3)). I 1

bi

it.
in.

3

T
N(Q N

Fig. 2. Bright-field TEM image of region near spinel-containing Itim
interface after annealing in a very high vacuum of - 1 X 10-5 Pa at Wr
1663 K for 2 h showing no spinel layer.

a

s

A120 3

Fig. 3. Optical micrograph of polished and etched cross section Fig. 4a and b. SEM Images of regions close to diffusion-bonded
of alumina/oxygen-free Ni/a-A)20 3/oxygen-containing Ni/alum- .Ni/a-AJ20 3 interfaces produced under controlled-oxygen condi-
ina diffusion bond showing smaller grain size of the oxygen-con- tions. (a) Oxygen-containing Niia-AJ20 3 interface showing 1.5 pm
talning Ni (bottom). thick spinel interphase. (b) Oxygen-free NI/r-AA20 3 interface r

without spinel interphase.
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Conding growth inhibiting effect of dissolved oxygen in high purity particular value selected for analysis is applicable be-

"nation at Ni/a- metals's). tween 900 and 1400 OC'8):
ig experiment Viewed optically at a slight angle through the transparent Ni(s) + 1/2 0 2(g) +
?et 1 mm thick a- A120 3 single crystal, the interface between the oxygen- + (l+xmax)AI2 0 3 = NiO (l+xmax)A120 3  (2)
hick X 20 mm containing Ni and a-A120 3 single crystal appeared blue,
niane I bond characteristic of nickel aluminate spinel4)i6). No such colo- AG• = -242.090 + 74.4 T (J/mol) (3)

•rior to bond- ration was observed at the oxygen-free Ni/a-A120 3 inter-
ied o rmov fae. caningeletronmicoscpy SEM reeald aPark and Altstetteri4) recently determined the standard;ed to remove face. Scanning electron microscopy (SEM) revealed a free energy of solution of oxygen in solid Ni referred to a

others were spinel interphase layer at the oxygen-nontaining Ni/a 1 at % Henrian standard state for the dissolved oxygen

iPack anneal- A120 3 interface (Fig. 4a). The spinel was 1.5/pm thick at the

y argon. Botl center of the interface, tapering down to - 1.0 pm at mid- Q)Nfs) = 1/2 0 2(g)
)0 IC) for 24 h radius. and was not resolvable within 1- mm of the bond AG4 = -182-000 - 70.2 T (J/mol) (4)
"J and cleaned edges. In contrast to the first diffusion bonding experiment

Ni/a- A120 3/ (Section 2.1), the spinel layer was not fully contiguous, The standard free energy of reaction (1) is obtained by
jeen sintered exhibiting discontinuous gaps all along its interface with adding Eq. (3) and (4)
same appara- the Ni [Fig. 4a]. No spinel reaction layer was resolvable by AG1 = -60.090 + 4.2 T (J/mol) (5)
3t experiment SEM at the oxygen-free Ni/a-A120 3 interface (Fig. 4b).

1Pa (20 K/min For reaction (1) the A120 3 and NiO - (1+xmx)Al20 3 are in
/gen-contain- Fracture along the spinet/Ni interface left the spinel layer their standard states and thus have unit activity. The Ni is
oonding tern- as a thin film on the a-A120 3. TEM specimens were thus also assigned unit activity because its solubility for oxygen
1 in solid Ni prepared by peeling off the Ni and backthinning (dimpling is very low (Raoultian limit). At equilibrium the standard
0.15 at.% at and ion milling) from the a-A120 3 side. In plan section, theintephae lyerwasidetifd asnicel lumnat spnelfree energy of reaction (1) can be expressed in terms of aninterphase layer was identifed as nickel aluminate spinal equilibrium constant K, which is the reciprocal activity of

by EDS and selected area electron diffraction (SAD) in an e nstant wi the ra
(unoxidized) analytical electron microscope. Cross sections of the oxygen dissolved in the Ni

ectioned per- oxygen-free Ni/a-A120 3 interface could be prepared for
ally polished. TEM by conventional cross-sectional techniques. No Ni
-e in the oxy- spinel layer was resolved by TEM with a resolution limit of
Fig. 3). The Ni 1 mm at the oxygen-free Ni/a-A120 3 interface (Fig. 5).
s during both
n size of the The experimental observations suggest that a minimum
Sto the grain oxygen activity is required for spinel formation at the Nila-

AJ203 interface. The source of the oxygen leading to spinel
formation under the high vacuum conditions of the diffu-
sion bonding experiments was oxygen initially dissolved in -- _ _ -
the Ni, not the oxygen partial pressure of the bonding .
atmosphere. Furthermore, the threshold oxygen level at
1663 K is less than (0.07 ± 0.04 at.%), which is half the solu-
bility limit of oxygen in Ni in equilibrium with NiO at-
1663 K14). The experimental evidence thus indicates that A1 2 0 3  • " .. 50 Tim
the spinel formation reaction at Ni/a-A120 3 interfaces need
not proceed through a NiO intermediate. Fig. 5. TEM of diffusion-bonded Ni/a-A120 3 interfaces produced

under controlled-oxygen conditions: Bright-field of cross section
- close to oxygen-free Ni/a-A120 3 interface without spinel.

3 Therimodynamic Calculations

The oxygen activity dependence of spinel formation at the 1500 -TSO
S Nil'-Ai20 3 interface was explored further by equilibrium

thermodynamic calculations. To write a balance spinel for- 1A1203
mation reaction between Ni and A120 3 one g-atom react- 1400+
ant oxygen is required per g-mole product spinel. NiAI20 4  9,s

I actually possesses considerable sulobility for A120 3. but "- 1300 Ni(
essentially none for NiO. Nickel aluminate is thus most

, . generally represented as NiO • (1 +x)A120 3, where x varies
from zero (giving NiAI2O4) to xmax which defines the A120 3 - 1200
saturated composition (e.g. xmax = 0.38 at 1390 °CiS). The C" Ni(ss)

- . first spinel to form during diffusion bonding should have
* the AI20 3-saturated composition because it forms in the +--- 1100 +

presence of excess A12 0 3. Combined with the exper- NiO.(l+ x ,)A1 2 0 3
imental result that the reactant oxygen is dissolved in the 1000
Ni, the overall reaction is

SNi(s) + (O)Ni(s) + 900

2 um + (1+xl'..)AI20 3 = NiO - (1+XmaAJ20 3  (1) 0 0.01 0.02 0.03

3ion-bonded where (O)N,(s) denotes oxygen in solution in solid Ni. Oxygen concentration (at.%) in Ni(ss)
ygen condi-
)wing 1.5 gm Several determinations of the standard free energy of for- Fig. 6. Stability diagram of the calculated oxygen concentration
)3 interface mation of A1203-saturated nickel aluminate involving gase- in the Ni solid solution for the lNi(ss). NiO •(1+xmex)Al 20 3,

ous reactant oxygen were available in the literature. The a-A12031 equilibrium as a function of temperature (Eq. (10)].
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AG = -FRT In K = RT In a,o, (6) The agreement between the predicted and measured 41t
the equilibrium spinel thickness thus suggests that oxygen diffusion in the ti

Solving for _o wth Eq. (5) and (6) yields teeNi was indeed the rate-determining step of the reaction d
oxygen activity for spinel formation during Ni/A120 3 diffu- and further substantiates the thermodynamically calculat- a
sion bonding, expressed in at.%, ed threshold oxygen activity. Reported thicknesses of f.

(at.% O)= exp (-7550 ± 12001T + 0.84) (7) spinel layers that formed at Ni/l-Al20 3 interfaces in a
vacuum or inert gas atmospheres for times and temper- tt

Equation (7) is plotted in Fig. 6. Confirming the exper- atures similar to the present experiments are also of the
imental results, it indicated that below a threshold oxygen order of 1 um. F
activity, which increases with increasing temperature,
oxygen-containing Ni is in equilibrium with A12 0 3, whereas i
above the threshold the spinel is stable. Furthermore, the 5 Discussion
calculated threshold oxyý, .n activity at 1390 OC is
220 at.ppm, quantitatively consistent with the exper- 5.1 Threshold Oxygen Activity
imental result that the threshold is less than 670 at.ppm.

The experimental observations and thermodynamic calcu- v
lations show that a threshold activity of oxygen is required
for spinel formation at NiIa-AI20 3 interfaces. In the high

4 Spinel Thickness Evaluation vacuum diffusion bonding experiments the source of the
required oxygen was oxygen initially dissolved in the Ni.

Several other principle features of tne spine! formation The experiments and calculations also show that the mini-
reaction at Ni/a-A120 3 interfaces follow directly from the mum oxygen activity necessary for spinel formation is an
oxygen activity dependence described in the previous order of magnitude less than the solubility limit of oxygen
sections. First the reaction consumes a certain excess of in Ni (NiO-saturated) and increases with temperature.
oxygen dissolved in the Ni. For a closed system, the spinel Although these results clearly dispell the long-standing
layer thickness thus exhibits a maximum, which is deter- notion that the spinel formation reaction necessarily pro-
mined by the difference between the initial and threshold ceeds through a NiO intermediate, thermodynamic data
oxygen concentrations and the Ni thickness. A mass bal- were in fact available as early as 194219) indicating the
ance (Appendix 7.1) for the conditions of the controlled- lower oxygen partial pressure of the {Ni, spinel, A120 31oxygen diffusion bonding experiment (Section 2.3) yields a equilibrium relative to the 4Ni, NiOl equilibrium. The numer-
predicted maximum spinel thickness of 1.7 ± 2.3 pm, in ous reports of spinel formation in vacuum and inert gas
good agreement with the measured thickness of 1.5 pm atmospheres are not surprising since oxygen contents
(Fig. 4a). A similar analysis using the solubility limit of exceeding the threshold are typical of "high purity* Ni,
oxygen in solid Nil4) yields the maximum possible thick- especially powders4).
ness of spinel formed from initially dissolved oxygen as eI
0.005 times the Ni thickness.

5.2 Ni-Al-O Phase Diagram and the Diffusion Path
Second, the reactant oxygen must diffuse from within the
Ni to the interface. A detailed analysis of the reaction A complete description of the phase equilibria relevant to
mechanism and kinetics is not presented in this article. It is microstructural development at Ni/l-AJ20 3 interfaces
clear, however, that the reaction can occur no faster than would utilize the Ni-AJ-O ternary phase diagram. Based on
the oxygen can diffuse to the interface. Assuming oxygen the ternary phase relationships at 1273 K presented by
transport in the Ni to be the rate-determining step of the Elrefaie and Smeltzer17) and NiO-AI20 3 and NI-Al phase
reaction, the relative extent of the reaction can be calcu- diagrams21)22), a Ni-AI-O isothermal section at 1663 K has
lated with well-known diffusion equations. Calculations been assessed (Fig. 7). The Ni comer has not yet been
detailed in Appendix 7.2 indicate that essentially all the quantitatively assessed. Metselaar and van Loo23) quanti-
reactable oxygen was kinetically capable of reaching the tatively presented the phase relationships in the Ni comer
interfaces in the controlled-oxygen bonding experiment. with Ni/a-A120 3 diffusion paths for different oxygen activ-

\
1663 K 0 spinfil .- 10

Lii(Ni) uA 17 -K

Y u+ .AI2O3  Fig. 8. Oualitative phase relationships ofAl.the Ni-rich Ni-A-O phase diagram as pre-

Ni Y-Ni Liq. (Ni). =yNi 3A1II .NiAI LiquKId(AI)" A sented by Metselaar and van Loo23)
showing diffusion paths for NiaaAI203Fig. 7. The assessed Ni-AJ-O phase diagram at 1663 K Some solubilities exag- coupies (path 1: low Oxygen, path 2:

gerated for clarity, higher oxygen).
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Aeasured ities (Fig. 8). These diffusion paths represent the dissolu- The Ni corner of the Ni-AI-O phase diagram constructed
3ion in the tion of a-A120 3 into Ni at internal interfaces, and thus the using these compositions and phase diagram pnnciples 26)

) reaction diffusion of oxygen and Al away from the interface. These is shown in Fig. 9.

Scalculat- authors propose that, because oxygen diffuses much
iesses of faster than Al in Ni, Ni/a-A120 3 diffusion paths extend There are two important implications of the calculated
rfaces in across the r-Ni solid solution field predominantly parallel to phase diagram. First, consider in more detail the dissolu-
J temper- the Ni-Al border. A diffusion path showing a stable Nila- tion of a-A1203 into pure Ni. Assuming negligible solubility
Iso of the A120 3 interface at low oxygen activity is shown as path in of Ni in , -AI2 0 3 at the low oxygen activities in considera-

Fig. 8. It was assumed that the diffusion coefficients of oxy- tion, the dissolution is congruent. If the diffusivities of oxy-
gen and Al in dilute solutions in the y-Ni are essentially gen and Al in Ni were equal, the diffusion path would
independent of concentration, hence additioial oxygen extend across the y-Ni field along the Ac O = 2:3 isopleth,
would shift the diffusion path to higher oxygen levels. At establishing the equilibrium interface concentrations in
some level of supplementary oxygen the diffusion path the y-Ni at point C in Fig. 9. The higher diffusivity of oxygen,
would connect with the y-Ni + spinel field (path 2), sup- however, shifts the equilibrium interface toward lower oxy-

posedly resulting in spinel formation. Observations of Ost- gen and higher Al concentrations than point C. Hence, the

nic calcu- wald ripening of a-A120 3 particles in Ni24)25) provide evi- dissolution of a-Al 20 3 into oxygen-free Ni cannot provide

3 required dence that a-AI20 3 does dissolve to a certain extent in sufficient oxygen to form spinel.

Sthe high solid Ni. Moreover, measured diffusivities at 1673 K Second, the calculated composition of y-Ni for the {y-Ni,
"-ce of the (D(0 in Ni) = 3.7 X 10-7 cm2 /s and D(AI , Ni) = 8.1 X 10-9 cm 2/s) NiO - (1+Xmax)Al203, r-AJ20 3 1 coexistence (point A, Fig. 9)
in the Ni. suggest that oxygen dissolving into Ni from a-Al 20 3 would is - 1000 times higher in oxygen than Al. Diffusion paths for
the mini- diffuse away from the interface faster than the accompa- spinel formation actually lie within the extremely narrow

Ltion is an nying Al. The diffusion paths proposed by Metselaar and y-Ni solid solution region along the Ni-O border (Fig. 9).
)foxygen van Loon) thus seem to be qualitatively correct for the dis- This emerges the importance of the threshold oxygen
iperature. solution of a-A120 3 into Ni. activity (thermodynamics) for spinel formation as opposed
-standing A deeper understanding of the chemical interactions can to any diffusion path (kinetics) associated with establish-
,anly pro- be obtained, however, with a calculated Ni comer ofthe Ni- ing local equilibrium Al activities by dissolution of a-A120 3.
imic data AI-O phase diagram. Specifically, the oxygen concentra- Diffusion paths for spinel formation at internal Ni/a-AI20 3
ating the tion in -Ni for the y-Ni, NiOa (l-x,.j)AI2O3,aAI2O coexis- interfaces represent diffusion of oxygen in the Ni to the
el, A120 3) tence (point A, Fig. 8) is 0.025 at.% at 1663 K as calculated interfaces. The Al concentration in y-Ni required for equilib-
ie numer- in Section 3. This value is an order of magnitude less that rium with the spinel (point A, Fig. 9) is so small relative to
contents the solubility limit of oxygen in Ni. It remains to determine the corresponding oxygen concentration that the required

s the corresponding Al concentrations. Elrefaie and Smelt- extent of the dissolution of a-A120 3 is insignificant.
iurity- Ni, zer17) calculated a value of - 1 x 10-9 at.% for y-Ni for the

(y-Ni, NiO - (1-xax)AI20 3, a-AI2031 coexistence at 1213 K
An analysis in Appendix 7.3 yields - 2 x 10-5 at.% Al at

)ath 1663 K. three orders of magnitude smaller than the corre- 6 Conclusions
sponding oxygen level (0.025 at.% oxy.en). Similar calcu-

.levant to lations (Appendix 7.3) indicate - 6 x 10 at.% in y-Ni for the The oxygen activity dependence of spinel interphase for-
iterfaces ly-Ni, NiO, NiAJ2C)4) coexistence (point B, Fig. 8) at 1663 K mation at Ni/a-AJ20 3 interfaces has been clarified. Spinel
Based on formation at internal Ni/a-Al20 3 interfaces requires a
ented by threshold activity of oxygen dissolved in the Ni, which
Al phase 7 + NiO increases with temperature and is less than the solubility
63 K has limit of oxygen in Ni in equilibrium with NiO. Spinel forma-
yet been 1663 K -0.1sat.%O tion thus need not proceed through a NiO intermediate.
3) quanti- -6 x 10"

7
at.% Al ; BsThermodynamic calculations indicate the threshold

Ni comer/ oxygen level is 250 atppm at 1663 K and that the corre-
ien activ- , Spinel sponding equilibrium Al concentration is three orders of

" + magnitude lower (- 0.2 at.ppm).

The oxygen activity dependence of spinel formation also
provides insight into the reaction mechanism and kinetics.
The reaction at internal interfaces consumes oxygen dis-
solved in the Ni. Due to the low solubility of oxygen in Ni,
the maximi:,n thickness of spinel that can be formed from
oxygen ir,tially dissolved in Ni is limited to - 0.005 time the

1203 Ni thickness. The present observations suggest oxygen

'03 , transport in the Ni is the rate-determining step of the spinel

0.025 at.%0 + oi-AI. formation reaction. Further studies of the reaction
-2x osat.% ' 2 3  mechanism and kinetics are in progress.

SY-Ni 7 Appendices

is of 7.1 Prediction of Maximum Spinel Layer Thickness
ore- Aopr) Ni Al The maximum spinel layer thickness is predicted for the
20 3  Fig.9. Ni-rich comer of the Ni-AI-a phase diagram at 1663 K cal- conditions of the controlled-oxygen diffusion bonding

2: culated in the present work. The y-Ni solid solution is not entirely experiment by a mass balance on the reactable oxygen.
to scale. Consider a 1 x 1 x 0.1 cm 3 basis of Ni containing 0.070

IOW
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(t 0.040) - 0.025 (± 0.020) = 0.045 (± 0.060) at.% react- Calculation of aA8 for the 1)-Ni, NiO. NiAI204} coexistence
able oxygen. One q-atom of oxygen is consumed per begins by solving for aNo. Elrefaie and Smeltzer' 7) meas-
g-mole of product sainel. The volume of product spinel is ured the oxygen pressure of the ly-Ni, NiO, NLAIJ20 4 co-
calculated assumirng a composition of NiO - 1.38 A12 0 3 21) existence over the range 1123 to 1423 K
and density of 4.3 g/cm 327). The resulting spinel volume is
divided by two times the area of the basis to account for log P02 - 24.478 + 8.8041 atm (A 3.1)
spinel formation on both sides of the Ni plate in contact T
with a- A12 0 3 (spinel was also observed between the oxy- Extrapolating Equation (A3.1) to 1663 Kand solving for aNo
gen-containing Ni and the sintered alumina block). Dimen- v. •i the standard free energy of formation of NiO29) gives
sional analysis yields a predzted maximum thickness of aNo = 0.90. MeasurementS21) suggest the solubility of a-
1.7 ± 2.3-jm. A120 3 in NiO is - 2.7 mol% at 1663 K. The standard free

0.1 cm 3 Ni × 8.90 glcm 3 Ni X 0.00045 mol ON, energy of formation of stoichiometnc NiAI20 4 from the bin-

2 cm2 spinel 58.7 g/mol Ni 1 mol Ni ary oxides is - 27,700 J/g-mol at 1663 K based on the 298K
standard enthalpy and entropy and heat capacity data

1 mol spinel 215.4 g/mol spinel reported by Kubaschewski29). Adding the standard free
1 mol ON,(.) 4.3 g/cm3 spinel energy of formation of a-AJ20 3 29) and solving for a• with Eq.

= 1.7 ± 2.3 jim spinel (A 1.1) (A 3.1) and aNO = 0.90yields a, 1-1.3 x 10-'4 (liquid Al stand-
ard state) for the y-Ni, NiO, NiAI20 4 coexistence at 1663 K

7.2 Estimation of Relative Extent of Reaction Expressing the calculated activities in terms of mol frac-
tions requires the Al activity coefficient. Elrefaie and

The relative extent of spinel formation at the Nilo-A120 3  Smeltzer17) measured an activity coefficient for Ad in Ni of
interfaces is estimated assuming that the rate-determin- YA1 - 4 x 10-8 at 1213 K (liquid Al standard state) with mol
ing step of the reaction is the diffusion of oxygen from fraction-acti ,.Iy data from a series of dilute Ni-Al alloys
within the Ni to the interfaces. Considering a thin Ni plate equilibrated with a-A]20 3. Since most nonideal solutions
sandwiched between two a-Al 20 3 blocks, the relative tend toward ideality with increasing temperature3O), y•
extent of reaction takes the form of the well-known series should increase with increasing temperature. The value of
solution for diffusion out of a semi-infinite slab at constant yAj at 1663 K is estimated by integration of thtý Gibbs-Helm-
surface activity28) holtz equation 3o)

Cm-C 8 1 = 8_(2nL1) I=2 In 4= AR 1 11 (A 3.2)

Co- c, r 2 .=o( 2n+1) 2 exp (-21 DtI (A2.1) R = 2  f-

where Cmn, cj, and c. are the mean, interface, and uniform with a measured value of the partial molar enthalpy of solu-

initial solute concentrations, respectively, D the solute dif- tion of AJ in Ni, ARA, = - 146 kJ/g-mole&), and the meas-
fusivity, t the time, and L the slab thickness. Evaluating the ured 1213 K activity coefficient The result is yA - 2 x 10-6.

relative extent of diffusion with D(0 in NQ) = 3.4 X 10-7 cm2/s Alternately, assuming a regular solution, the temperature

at 1663 K14), t = 2 h, and L = 1 mm indicates 94 % of the dependence of the activity coefficient is given by 30)

reactable oxygen was kinetically capable of reaching the In y= "T1,
interfaces in the controlled-oxygen diffusion bonding In y•I T2  (A 3.3)
experiment. Estimating the additional contribution from
the heating and cooling transients suggqsts the diffusion from which YA1 - 4 X 10- at 1663 K, in good agreement with
of oxygen to the interfaces, and hence reaction, was more the value obtained above from the measured heat of solu-
than 97 % complete during the bonding period. tion.

In the first diffusion bonding experiment (Section 2.1) all The calculated activities and estimated activity coefficient
the parameters were the same as above except that the Ni give X4 - 2 X 10-7 in y-Ni for the {rNi, NiO • (1 +xmn.)A120 3,
was 1.5 mm thick The strong thickness dependence of the a-AI20 31 coexistence and XAI = 6 X 10-9 in y-Ni for the {,-Ni,
diffusion time results in a ielative extent of reaction of only NiO, NiAI204) coexistence at 1663 K.
73 % after 2 h at 1663 K Including the heating and cooling
transients as above, the relative extent of reaction
increases to 77 %. In contrast to the controlled-oxygen dif-
fusion bonding experiment, the calculations thus itlicate The authors gratefully acknowledge helpful dibcussion
that a supply of dissolved oxygen to the interlac ubydiffu- with A.G. Evans, H. Schmalzried and K C. VMach.
sion from within the Ni was maintained th'oughout the
bonding cycle in the first experiment.
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